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ABSTRACT
TRANSFORMATION AT DEFORMATION STUDIES
IN TITANIUM ALLOYS
by
MAHARAJ KISHEN KOUL
Submitted to the Department of Metallurgy and Material Science
on August 19, 1968 in partial fulfillment of the requirements
for the degree of Doctor of Philosophy.
The transformation and deformation structures produced
in beta-isomorphous titanium-alloys were studied using optical
and electron-micrographic techniques. The transformation
studied included martensite, metastable omega-phase and phase
separation. The deformation structures included study of
dislocation arrangements, twinning, stress-induced marten-
site and structures developed after shock deformation.
From the study of martensite in titanium-molybdenum alloys
it was shown that the two kinds of martensite with k334)A and(344)p habit planes form in low molybdenum and high molybdenum
containing alloys respectively. Further, the {334)p -type
martensite contains essentially no internal structure whereas
(344)p -type martensite contains dislocations and stackingfaults. The structures developed during thinning of foils
were described.
From the study of the omega-phase in titanium-vanadium
alloys, it was verified that the omega-phase is hexagonal
with an axial ratio of 0.61 and an orientation relationship
given by: (lll)p // (0001) & and [110]# // [1120] &). The
omega-phase forms by a diffusion-controlled nucleation and
growth process on quenching and aging. It was shown that the
omega-phase is not a transition phase, but that the equili-
brium alpha-phase forms at the beta-omega interface and grows
to consume the omega-phase. The effect of omega-phase on the
tensile properties of a titanium-vanadium alloy was determined.
Thermodynamic calculations, using the regular solution
approximation, showedi'a positive heat of mixing for titanium-
vanadium and titanium-niobium alloys while a negative value
was obtained fo titanium-molybdenum. Thus, a tendency for
phase separatiofi.in the vanadium and niobium alloys and a
tendency for ordering in molybdenum case is indicated. On
this basis, the stability of the beta-phase and the phase
iii
diagrams in these systems were rationalized. Experimental
investigation of phase separation by spinodal decomposition
in various alloys did not prove conclusive but such a ten-
dency is indicated for titanium-niobium alloys.
Stress-induced martensite in titanium-vanadium alloys
was conclusively shown to be hexagonal close-packed in
structure and not twinned body-centered cubic or tetragonal
recently proposed.
From the study of the dislocation substructure in poly-
crystalline, body-centered cubic titanium-molybdenum alloy,
it was shown that the mobility of edge dislocations is
higher than that of screw dislocations. Thus, dislocations
remaining after deformation to high strains are predominantly
screw in character.
Twinning was observed in body-centered cubic titanium -
22 weight percent vanadium after straining at room tempera-
ture. Precipitation of a fine dispersion of the omega-
phase completely suppressed twinning. The dislocation sub-
structure of twinned specimens contained straight screw
dislocations whereas in the latter case, dislocation
tangles were observed.
The effect of shock deformation on the structure and
tensile properties of titanium and titanium-molybdenum
alloys was also studied. It was found that unalloyed titanium
(hexagonal close-packed) showed the greatest relative increase
in strength whereas titanium - 26 weight percent molybdenum
(body-centered cubic) showed the least. The maximum ulti-
mate tensile strength is developed in titanium - 12.5 weight
percent molybdenum. A phase transformation:of,(h.c.p) - $
(b.c.c)= 06'(TMartensite), was observed in unalloyed titanium,
shock deformed at 200 Kilobar pressure. In both unalloyed
titanium and titanium - 12.5 weight percent molybdenum the
enhanced strength values were attributed to simultaneous
occurrence of phase transformation and deformation occuring
during passage of the shock wave.
Thesis Supervisor: John F. Breedis
Associate Professor
Department of Metallurgy
and Material Science
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I. INTRODUCTION
The high strength-to-weight ratio and excellent corro-
sion resistance of titanium and its alloys make them useful
for a number of industrial applications. The stringent
requirements demanded of materials in aerospace applications
in recent years have aroused interest in the development
of higher levels of strength and toughness in titanium
alloys. To best utilize transformation and deformation struc-
tures in obtainig enhanced mechanical properties through
methods similar to ausforming in steels, further study is -
required. The complexity of transformation structures in both
simple and complex titanium alloys, observed by optical metal-
lography, hardness measurments, x-ray diffraction and -dilato-
metry has been described in two review articles(1,2). The
application of transmission electron microscopy can extend
further our understanding of both transformation and deforma-
tion structures in titanium alloys.
Principal topics of interest in the beta-isomorphous
titanium alloys are:
(i) Spontaneous and stress-induced martensitic trans-
formations with regard to their internal structure,
(ii) The structure, morphology and the nature of the
omega-phase transformation,
(iii) Phase separation in body-centered cubic alloys,
(iv) The deformation structures produced under normal
2and high-strain-rate conditions in hexagonal close-packed
and body-centered cubic alloys, and associated mechanical
properties.
Transmission electron microscopy and conventional optical
metallography was used to investigate the various transfor-
mation and deformation structures in a series of titanium-
vanadium, t itanium-molybd enum and t itanium-niobium alloys.
Conventional tensile tests were conducted to correlate
these structures with the tensile properties obtained.
II. LITERATURE REVIEW
A. Phase Transformations
The section of the phase diagram for a beta-isomorphous,
titanium-alloy system shown in Figure 1, can be subdivided
into three regions according to the type of stable and
metastable phases which occur. In Region I, hexagonal
close-packed, equilibrium alpha (ce) and martensite (o) can
form from the high temperature body-centered cubic beta (4)
phase. The high temperature beta-phase can be completely
retained at room temperature, in a metastable state, in
Region II by rapid quenching, or can decompose to another
structure, the omega-phase (6j) during quenching or isothermal
annealing at temperatures below 4000 C. In addition, stress-
induced martensite (of) can form under the application of
stress in certain alloys in this region. In Region III,
the beta-phase retained at room temperature does not form
omega-phase during aging, However it may be possible for
the beta-phase in certain alloy systems to undergo phase
separation into two body-centered cubic phases of differing
alloy content.
1. Martensitic Transformation
Unalloyed titanium can transform from the high-
temperature, body-centered cubic beta-phase to the hexagonal
close-packed alpha-phase near 88000 by a diffusionless, shear
transformation at moderate rates of cooling. The addition
PERCENT SOLUTE
Figure 1. Portion of Beta Isomorphous type of Phase Diagram.
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of body-centered cubic transition metals such as vanadium,
molybdenum and niobium, depress the beta to alpha transfor-
mation temperatures to yield the beta-isomorphous system
shown in Figure 1. The temperature at which the martensitic
reaction occurs has been shown to be independent of the rate
of cooling in titanium-molybdenum(3) and titanium-vanadium(4)
alloys. Some authors(5,6) have concluded that such beta-
stabilizing alloying additiops depress the Ms-temperature at
roughly the rate at which the beta-transus temperature is
reduced by the addition of each element. The composition
dependence of the M s- temperature for some binary titanium
alloys is exhibited in Figure 2.
The habit planes of martensitic transformation in
titanium alloys have been categorized (1,2,7,8) as lying
approximately parallel with (334J, and (3441, . The t334),
plane is most commonly observed, and is the habit plane for
unalloyed titanium.
In titanium-molybdenum alloys, 1 9 l) the 334 habit
is associated with molybdenum contents below 8 weight percent
while alloys containing between 8 and 12 weight percent
molybdenum are reported to possess both t334)p and t3441
habit planes. Stress-induced martensite having the (3441 -
type habit plane forms in alloys containing between 12 and
15 weight percent molybdenum.
Bowles and Mackenzie(12) have applied their phenomeno-
logical theory for the crystallography of the martensitic
transformation to titanium and its alloys. Using the
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Figure 2. M. curves for Titanium Alloys.
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30
7experimental data of Barrett and co-workers,(l3) best agree-
ment between theory and experiment is obtained for the case
of a habit plane whose direction cosines lie near (8 t9 112JO
The direction of the homogeneous shear has been measured in
a titaniu-molybdenum alloy by Gaunt and Christian(") who
found good agreement with the predictions of theory. According
to the crystallographic theory, the lattice invariant shear
need be only 8 percent of the twinning shear. This means
that twinning might not be commonly observed. If twinning
occurs, only one orientation should predominate. Possible
twinning planes for the lattice invariant shear are the usual
twinning plane, £1012) , and {1011}.
The latter twinning plane is associated with the habit
planes and macroscopic shear which agree best with theory.
Crocker(14,15) concludes from an analysis which includes
various known twinning and slip modes that the 112J <1123>
twinning system is more probable than the t1011(101) or
t1012 <1011) systems. Christian(14) suggests that the
observed appreciable scatter in the habit planes of individual
plates, may arise through operation of several modes of
lattice invariant shear. Further, the habit planes found in
titanium alloys, i.e. (334}, and (344) , are scattered about
{111) poles and the real distinction between habits appears
only when the direction of microscopic shear is determined.
Gaunt and Christian found that the shear direction lies
close to the great circle through [111] and [011] poles for
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the case of the {344}0 habit in titanium -12.5 weight percent
molybdenum. On the other hand, the shear direction lies
near the great circle through [111] and [001] poles with
{334) habit planes in titanium -11 weight percent molybdenum.
Transmission electron microscopy is best suited to study
the internal structure of martensite, and the information
obtained can be utilized in testing the validity of the
Bowles and Mackenzie theory on martensitic transformation.
Nishiyama and co-workers(16,17) studied the transformation
in commercial purity titanium and observed several types of
lattice defects within martensite crystals, namely, stacking
faults and dislocations on the basal plane and internal
twins of the 1011 <1012> type. In addition Yamane and
Ueda(18) and Polonis and co-workers(19) have found (1011)
twins as part of the internal structure of martensite in
titanium-tantalum and titanium-vanadium alloy, respectively.
Such twins are not developed during deformation, and may thus
'be a consequence of the transformation mechanism. Blackburn
(20,21) has studied the internal structure of martensite in
some commercial alloys (Ti-6A1-4V, Ti-4Al-lMo-lV and Ti-8Al-
lMo-lV). The results can be summarized as follows:
(i) Quenching from lower temperatures produces a face-
centered cubic martensite (o4), which is internally twinned
on (111)0 planes.
(ii) Quenching from higher temperatures yields an
hexagonal close-packed structure (f) which is internally
9
twinned on (10113 ,and contains stacking faults and disloca-
tions on the basal plane.
(iii) Quenching from intermediate temperatures produces
a mixture of these two structures, Blackburn suggests that
the internally twinned martensite could be of the (344)p
type.
Hammond and Kelley(22) have studied the crystallography
and internal structure of martensite in titanium -5 weight
percent manganese. Their results show:
(i) A small number of martensite plates, hexagonal
close-pac15ed in structure, whi-ch contain essentially no
internal substructure. Their habit plane lies near {3341p
and the basal plane of the martensitic structure is nearly
normal to the interface planet
(ii) Martensite plates which contain a stack of fine
(1011twins. Their habit plane is in the vicinity of (344
and the basal plane is close to about 83 degrees from the
interface plane.
(iii) A face-centered cubic martensite (af*cOc.= 4.5A0 )
which is twinned on one or two sets of 111 f.c.c. planes.
This structure may result from. spontaneous transformation
of foils during the polishing processe
The results of Russian work (23) on the martensitic
transformations in titanium-molybdenum alloys can be summar-
ized as follows:
(i) Hexagonal close-packed martensite (os) forms in
10
alloys containing less than 3 atomic percent molybdenum
alloys.
(ii) A trigonal martensite (PZ) forms in alloys contain-
ing 3 - 4c5 atomic percent molybdenum
(iii) Also 9P- martensite forms on quenching from
higher temperatures ando - martensite from lower quenching
temperatures in the beta-field,
From this survey of the literature on the martensitic
structures observed in titanium-alloys, it has been shown
that various types of martensite can occur. These differ
either in their choice of habit plane or their internal
and crystal structures. Alloy composition and the quenching
temperature seems to be the controlling factors in determin-
ing the type of martensite. Also there is some doubt.regard-
ing the structures observed in thin foils using transmission
electron microscopy. In some instances, it is uncertain
whether the observed structures represent the true structures
developed in the bulk material or result from contamination
or spontaneous transformation during thinning.
2. Omega-Phase Transformation
The high temperature beta-phase can be retained at
room temperature in titanium alloys having beta-isomorphous
and eutectoid type phase diagrams by rapid quenching. In
these alloy systems, a metastable omega-phase can form from the
beta-phase, during quenching and isothermal aging at tempera-
tures below approximately 400 0C. The study of omega-phase
11
has attracted considerable attention in recent years because
of its embrittling effects and its flux pinning behavior in
hard superconductors.
Optical metallographic techniques cannot resolve
omega-phase particles because of their very fine size (50 -
100 A0 ). Therefore, most previous work has depended upon
x-ray diffraction, dilatometery, measurements of hardness
and electrical resistivityland elastic moduli. More recently
transmission electron microscopy has been employed to examine
the morphology and growth behavior of the omega-phase in
titanium and zirconium alloys. The results of these investi-
gations will be reviewed in the following sections.
a. Structure and Morphology
Frost and co-workers(24) were the first to ob-
serve the presence of omega-phase in titanium-chromium and
titanium-manganese alloys and designated its crystal structure
as cubic. Since then, the structure of the omega-phase has
been reported as being cubic (Austin and Doig(25)), ortho-
rhombic (Spachner (26)) and hexagonal (Silcock and co-workers
(27,28) and Bagariatskii and co-workers (29)). The purity of
the material studied and the use of polycrystalline and pow-
der specimens rather than single crystals have led to uncer-
tainties in the older work. In more recent work, Silcock
and co-workers(27,28) and Bagariatskii and co-workers(29)
have studied the crystal structure of the omega-phase in
several titanium alloys using single crystals. Their work
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concludes that the structure of the omega-phase is best
represented by an hexagonal unit cell having 3 atoms per
unit cell and with atoms at the positions (0,0,0) and
(± 1/3, 2/3, x). Silcock and co-workers (27,28), working
with titanium-vanadium alloys found the coordinate x, to
equal 0.50 and hence reported the structure as hexagonal
with the space group symmetry, D 1/6h - P 6/mmm. However,
Bagariatskii and co-workers (29) found the coordinate, x,
to equal 0.48 ± .01 in titanium-chromium alloys. On this
basis, the structure deviates from true hexagonal symmetry,
and is trigonal belonging to the space group, D 3/3d - Pjml.
In a review article by Bagariatskii and Nosova(30), the
various x-ray results have been compared. Their comparison
indicates that the experimental data would be in full -agree-
ment with the hexagonal structure of the omega-phase, but
for observation of an unexpected reflection of very low
intensity.
Selected-area electron diffraction patterns of the
omega-phase were first indexed as belonging to a cubic
structure, under the assumption that the lattice constant
was three times that of the parent beta-phase. However, it
was later found that some of the reflections observed in the
diffraction pattern resulted from multiple scattering.
With this in mind, the pattern can be best ascribed to an
hexagonal structure whose c/a ratio is 0.613 (a = 4.60A ,
c = 2.82A0 ) and whose orientation relationship is given by:
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By revealing more than one variant of the omega-phase
in a beta grain using dark-field electron microscopy,
Brammer and Rhodes(31) and Blackburn and Williams(32) have
verified the hexagonal nature of the omega-phase in titanium-
niobium and titanium-vanadium alloys, respectively.
The morphologies which the omega-phase develops in
different titanium alloys are of two kinds:
(i) euboidal morphology in binary alloys of titanium
with vanadium, manganese and iron.
(ii) ellipsoidal morphology in binary alloys containing
molybdenum and niobium. According to Blackburn and Williams
(32), the cube faces are parallel to t1003p planes in titan-
ium-vandium alloys, while the major axes of ellipsoids lie
in <111> directions in titanium-molybdenum alloys. The
maximum size to which the omega-phase can grow is approxi-
mately 3000A0 in titanium-molybdenum, 450A0 in titanium-
vanadium and 1500A0 in titanium-niobium. The effect of
composition, temperature and time of aging on the size,
volume fraction and composition of the omega-phase in
titanium-vanadium alloys has been reported recently by
Hickman using x-ray techniques. The results show that
the volume fraction of the precipitate increases and the
particle size decreases with decreasing aging temperature.
The mechanism of omega-phase formation during
quenching of beta-phase alloys has been reported as being
either diffusionless, or martensitic in nature, or as
diffusion controlled nucleation and growth. In a review
paper, Bagariatskii and Nosova(34) referred to the omega-
phase transformation as a 'singular' kind of martensitic
transformation. They employed fast quenching and heating
experiments in attempts to confirm the martensitic nature
of this transformation. They suggest that in the higher
percentage alloys, the omega-phase may form during aging by
either a diffusion-controlled nucleation and growth process
or martensitically in solute poor regions after phase separ-
ation of the beta phase. On the other hand, Blackburn mand
Williams(32) and Hickman(33) propose that omega-phase for-
mation occurs only by a nucleation and growth mechanism,
at least in titanium-vanadium alloys containing more than
19 weight percent of solute.
3. Formation of Equilibrium Alpha
There is a lack of agreement regarding the mode of
formation of the equilibrium alpha-phase from structures
which contain beta-and omega-phases. It has been proposed
that either equilibrium alpha forms directly from the omega-
phase, or nucleates in the beta-phase and subsequently grows
to consume the omega-phase. Hickman(33) suggests that the
equilibrium alpha-phase is formed by direct conversion of
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omega-phase particles. He reports that Rhodes(35) has
observed both cube shaped, alpha-phase particles co-existing
with, and comparable in size to, the omega-phase particles.
Some particles also appear to have partially transformed to
the alpha-phase. From lattice parameter measurements,
(33)Hickman concludes that the alpha-phase does not form
having the expected equilibrium composition given by the
phase diagram (approximately 1.5 atomic percent vanadium)
but with a composition close to that of the 'pseudo-equilibrium'
composition of the omega-phase (approximately 13.5 - 14 atomic
percent vanadium). As aging proceeds, the alpha-phase rejects
vanadium and approaches the equilibrium composition.
Blackburn(32) , on the other hand, finds that the equilibrium
alpha-phase forms at the beta-omega interface in titanium-
vanadium alloys. For the cases of titanium-niobium(31) and
titanium-molybdenum(32) alloys, the precipitation of the
alpha-phase seems to occur preferentially at the grain
boundaries by a cellular or heterogeneous nucleation process.
4. Phase Separation in the Beta-Phase
Experimental evidence for phase separation of the beta-
phase into solute-rich and solute-poor phases was first
reported in titanium - 20 atomic percent vanadium and
titanium - 16 weight percent vanadium - 2.5 weight percent
aluminum by Troiano and Harman(36). A splitting of beta-
phase x-ray diffraction reflections was observed when both
alloys were aged at temperatures below 250 0C. Krisement(37),
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using the regular solution approximation, calculated a
positive heat of mixing for titanium-vanadium alloys. The
calculated phase diagram contained a miscibility gap with a
critical temperature, Te, at 850 0C. Measurements on heats
of evolution in a titanium - 50 atomic percent vanadium
alloy cooled from 950 0C to 700 0C did not exhibit any sub-
stantial effects attributable to phase separation. He
ascribed this to the fact that the precipitation proceeds
too slowly to be detected in their microcalorimeteric
measurements. From measurements on several titanium-
vanadium alloys containing between 15 and 19 atomic percent
vanadium, he concluded that all heat evolved during low
temperature aging could not be totally attributed to omega-
phase formation. Part of the heat evolved may be due to
phase separation.
More recently, Blackburn and Williams(32) have observed
splitting of beta-phase electron diffraction reflections in
titanium - 20 weight percent vanadium. However, their results
were not reproducable. Nevertheless, they propose a meta-
stable phase diagram for binary titanium alloys containing
vanadium or molybdenum which exhibits a metastable miscibility
gap. They further suggest that aging of titanium - 20 weight
percent molybdenum at low temperatures should result in phase
separation. Hickman(33), on the other hand, finds no x-ray
evidence for phase separation in titanium-vanadium alloys
and suggests that splitting of the beta-phase reflections is
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due to inhomogeneous precipitation occurring during very
early stages.
B. Deformation
The structures developed in titanium alloys during defor-
mation can be classified as follows:
(i) Dislocation and twin structures produced under
normal strain rate conditions,
(ii) Stress-induced martensite,
(iii) Defect, twin and transformation structures developed
under shock deformation conditions.
1. Dislocation and Twin Structure
The slip vectors in body-centered cubic structures
are <l111>, the direction of closest atomic packing. The
most densely packed planes are 1110) but crystallographic
slip has been observed on(110), (1124 and ,123) slip planes.
The operative slip system in body-centered cubic metals is
sensitive to purity, orientation, temperature, strain rate
and possibly the sign of the applied stress. Taylor and
Chritian(38)Christian report the occurrence of crystallographic
slip on both (110) and (112) planes in niobium single crystals,
tested in compression and tension at room temperature and
158 0K. The work on molybdenum-rhenium and tantalum-base
alloys by Lawley and Maddin(39) and Lawley and Arsenault(40)
respectively showed the slip occurring on both (110) and
(112) planes. It has been reported that screw segnents
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of dislocation loops, in iron-silicon alloys, are heavily
jogged causing decreased mobility of dcrew dislocations.
Depending upon their separation, the edge dislocation trails
may pinch off to form a debris of small loops in the slip
plane, or may expand to form new dislocation loops.
Twinning in body-centered cubic metals has been observed
at low temperatures, at high strain rates and after alloying.
Little work has been done on the twinning behavior of solid
solutions and the influence of precipitation on twinning.
Lenhart(43) and Corderoy(44) studied magnesium-aluminum and
copper-indium alloys respectively, and found that precipita-
tion of a second phase generally inhibited twinning altogether.
While studying the twinning behavior of iron-beryllium cry-
(45)
stals, Richman observed that the tendency to deform by
twinning was not influenced by the presence of large-sized
precipitates of FeBe2. However, the presence of a fine dis-
persion of solute clusters, in the initial stages of precipi-
tation, completely suppressed mechanical twinning.
The enhanced ductility produced in molybdenum by alloying
with rhenium has been partly attributed(39,46) to profuse
twinning. It was suggested by Lawley and Maddin(39) that
lowering of the stacking-fault energy on (112) planes is
involved. However, further electron microscopic studies by
Ogawa and Maddin(46) on molybdenum-rhenium alloys did not
reveal any extended dislocations or nodes. The latter
authors alternatively suggested that twinning may be
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connected with the production of emissary dislocations made
easier by alloying and that the twinning mechanism proposed
by Sleeswyk(47 may be operating. Electron microscopic exam-
ination of niobium-vanadium alloys by McHargue and co-workers
(48,49) revealed long segments of nearly pure screw disloca-
tions usually found in concentrated body-centered cubic
alloys. At higher strains, the dislocations became heavily
jogged and developed into a banded type of substructure.
Based on observed behavior, they proposed a model whereby
twins are nucleated by stress-concentrations produced by
narrow, densely packed slip bands found at high stresses.
2. Stress-induced Martensite
The effect of stress on the martensitic transformation
has been discussed by a number of authors(50 ,5). Martensitic
transformation occurs spontaneously at the M. temperature
without an applied stress. Since the Ms temperature depends
upon the net driving force, it can be raised, or lowered, by
the application of external stress. In the former instance,
the stress required for the initiation of transformation
increases with test temperatures above the Ms temperature.
The upper temperature limit above which the specimen cannot
be transformed is defined as the Md temperature.
As shown previously in Figures 1 and 2, there is a
range of compositions in titanium-vanadium and titanium-
molybdenum alloys in which the Ms is below room temperature
and the beta-phase can be retained at room temperature in a
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metastable state. However, the Md of these alloys lies
above room temperature and the application of stress induces
martensitic transformation. Weinig and Machlin (10) were the
first to observe stress-induced martensite in titanium - 11
weight percent molybdenum and reported a t3443p type of habit
plane. Jaffee and co-workers(52) noted that in certain
titanium-molybdenum alloys the stress-induced martensitic
transformation was associated with a considerable lowering
of the yield strength and increases in ductility and impact
resistance. From their work on metastable beta-phase titanium
alloys, Jaffee and co-workers(53) and Wood(54) conclude that
extensive martensitic transformation occurs initially and that
the first apparent straining can be largely attributed to
this process and not to slip. On the other hand, Hiltz(55)
studied the formation of stress-induced martensite in titanium -
11.4 weight percent molybdenum, titanium - 16.3 weight percent
vanadium and titanium - 6.1 weight percent chromium - 5.2 weight
percent molybdenum and concluded that stress-induced transfor-
mation is not the principal cause of the observed strain and
that a small amount of prior plastic deformation is a pre-
requisite to the initiation of transformation.
Gaunt and Christian(ll) report the habit plane of stress-
induced martensite in titanium - 12.5 weight percent molybdenum
to be (344)p . They observed no reflections from an hexagonal
close-packed martensitic structure in diffraction patterns
obtained by oscillation about a [11O]p direction, but noted
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extra reflections which mostly lay along body-centered cubic
layer lines. Using transmission electron microscopy, Blackburn
and Williams(32) conclude that within the accuracy of selected-
area electron diffraction, the stress-induced structure is
body-centered cubic or body-centered tetragonal rather than
hexagonal close-packed. The microstructure is quite complex
and appears to consist of an array of twins which would lie
along f112) planesin a cubic martensitic structure.
3. Shock Deformation
The hardening of metals by the propogation of a shock
wave is a relatively new approach and has yet to be fully
explored. In such a high strain-rate deformation process,
the applied stresses are very high, 10 to 500 times the static
yield stress, and the duration of application very short,
about 10~9 seconds. The metallurgical effects produced by
these high intensity shock waves have been summarized by
Dieter(56,57). The effect of shock deformation on the structure
and on the mechanical properties has been studied, but the
relationship of the change in structure with enhanced mechan-
ical properties is only partially understood.
The shock front is complex in a material which undergoes
elastic compression, twinning, plastic compression, and phase
transformation. In this case, it is comprised of a low-ampli-
tude elastic shock wave which precedes the main front of plastic
waves associated with slip, twinning and phase transformation.
The deformation processes occurring in the shock front are
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similar to deformation at normal strain rates and low tempera-
tures. However, the higher stresses in shock deformation and
the short duration of the peak stress produce higher disloca-
tion and twin densities. Shear stresses accompanying hydro-
static pressure conditions in the shock front can also induce
phase transformation. However hydrostatic and shock wave
results are generally compatible since the Hugoniot curve,
representing the locus of pressure-volume states attainable
under dynamic conditions, differs only slightly from that
obtained under true hydrostatic compression. Hugoniot curves
for a number of metals have been compiled by Rice and co-
workers(58). The Hugoniot curve neither complies to perfect
adiabatic nor isothermal conditions but differs only slightly
from that obtained under adiabatic conditions and can be
readily corrected to any standard temperature.
The physical state of the metal in the shock front, the
thickness, and the nature of the shock front is not yet clear.
No direct measurements have been made of the thickness of the
shock front. Smith(59,60) has indirectly measured the front
thickness from examination of the structure developed in
iron. He concludes that the shock front is less than 0.02mm
in thickness in iron having a 0.1mm grain diameter. The
thickness of the shock front depends upon the shock pressure;
the width of the shock front decreases with greater pressure.
For shock waves travelling at 5 x 105 cm/sec, the estimated
rise time of the wave front is about 10~9 seconds.
23
Transformations which can occur during shock deformation are
of the diffusionless, shear type, because of the very short
duration of the shock wave.
Copper, a face-centered cubic metal of low stacking
fault energy, has been extensively studied(56 ,59,6 0)
Twinning is induced in copper by shock deformation, while
face-centered cubic metals having higher stacking fault
I (57)(61)energies such as nickel and aluminum exhibit no
(62)twinning. Thomas and Nolder have studied the substructure
developed in nickel after shock deformation using transmission
electron microscopy and have observed microtwinning after
shock deformation at 350 Kilobar. In the case of body-
centered cubic metals, extensive research has been reported
(57,59,63,64) on the effect of shock deformation on the struc-
ture and strength of iron. Other body-centered cubic metals
which have been studied are niobium(57), tantalum(57), and
(65)molybdenum . Most body-centered cubic metals develop twin-
like markings during shock deformation. In iron, an acicular
martensitic structure was developed at shock pressures in
excess of 130 Kilobars. The metastable austenitic structures
(66)in Type 301 stainless steel and Hadfield steel form stress-
induced martensite on shock deformation with an accompanying
increase in strength. Unalloyed iron exhibits a discontinuous
increase in strength after loading above 130 Kilobars pressure
whereas niobium and other body-centered cubic metals show
only a small linear increase in strength with increased shock
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pressure. The discontinuous increase in strength in the
case of iron has been explained by transformation to the
denser austenitic phase under pressure with subsequent marten-
sitic transformation. The only observation in the case of
hexagonal close-packed metals was reported by Dieter(56) on
commercial-purity titanium. The specimen showed large amounts
of twinning.
Most of the observations of the structures produced by
shock deformation have been made using optical metallographic
techniques but more recently work has been reported which used
transmission electron microscopy. The dislocation substructure
in shock deformed face-centered cubic and body-centered cubic
metals and alloys has been subdivided into two groups:
(i) A distinct cell structure, as found in copper (6  ,68 )
nickel (62) and ordered Cu3Au(69),
(ii) A predominance of screw dislocations and absence
of a cell structure, as found in iron(7O97l) and Fe 3Al(72).
Kressel and Brown(72) base their explanation of the pre-
dominance of screw dislocations in body-centered cubic metals
and alloys on the greater mobility of edge components.
Hornbogen(70), on the other hand, proposed a modification of
the model by Smith(59). He suggests that the edge components
of the dislocation loops formed as the compression wave enters
the crystal, serve as the interface between compressed and
uncompressed metal and move inside the shock front. This
implies that the edge components will attain supersonic
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velocity at very high pressures.
C. Tensile Properties
Little research has been reported on the tensile proper-
ties of titanium-vanadium and titanium-molybdenum alloys which
clearly correlate the observed properties with the structures
developed during various aging treatments. Some years ago,
Jaffee and co-workers(52) studied the influence of various
structures on the yield strength, ultimate tensile strength
and impact properties of titanium-molybdenum alloys. They
concluded that the beta-phase is ductile but can become
hardened and embrittled when aged at low temperatures. The
formation of stress-induced martensite in certain metastable
beta-alloys results in low yield to ultimate strength ratios,
a high uniform elongation and increased resistance to impact.
Troiano qnd co-workers(73) have examined the mechanical
properties of titanium-vanadium alloys and correlated them
with their transformation characteristics. The results are
almost similar to those reported for titanium-molybdenum
alloys by Jaffee and co-workers(52). The effect of omega-
phase formation on the strength and ductility of two titanium-
vanadium alloys after various aging treatments is summarized
in Figures 3a and 3b. High values of the tensile strength
and low ductility are associated with the presence of the
omega-phase. They note that small amounts of the omega-
phase do not greatly affect the ductility while the strength
Now-
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Figure 3a. Tensile strength and reduction in area of a 15
wt. % vanadium-titanium alloy, quenched from the beta region
to various aging temperatures. (Ref. 73)
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is increased appreciably. Severe embrittlement results
after long aging treatments. The reasons given by Troiano
and co-workers for the brittleness associated with the
omega-phase are that either the omega-phase is itself brittle,
or coherency strains between the omega-and beta-phases
causes brittleness. They also remark that embrittlement
caused by the presence of the omega-phase was not easily
avoided. Silcock(28) has suggested that embrittlement by
the omega-phase is caused not by its inherently brittle nature,
but by inhibiting slip and thus raising the yield stress of
the beta-phase to above the value for brittle fracture.
Regarding the effect of shock deformation on the tensile
properties of titanium alloys, no data is available, except
for a preliminary observation by Dieter(56 ). He measured the
tensile properties of commercial-purity titanium, shock deformed
by wrapping a rod with sheet explosive. The yield strength
increased from 53,000 psi to 103,000 psi, ultimate tensile
strength from 69,000 psi to 123,000 psi and elongation de-
creased from 32 percent to 25 percent. Based upon these
data, enhanced mechanical properties can be expected in
shock-deformed titanium alloys.
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III. OBJECTIVES AND PLAN OF RESEARCH
The main objective of the present investigation is to
study the transformation and deformation structures produced
in beta-isomorphous titanium alloys and to correlate the
effect of these structures on the observed tensile properties.
Several binary titanium alloys containing vanadium or molyb
denum were used to investigate the following:
(i) The morphology and internal structure of martensite
in titanium-molybdenum alloys,
(ii) Omega-phase formation and growth in titanium-
vanadium alloys on quenching and aging,
(iii) The possibility of phase separation by spinodal
decomposition in titanium alloys,
(iv) The deformation substructure (dislocationsand
twins) in beta-phase alloys of titanium-molybdenum and
titanium-vanadium produced at normal strain rates at room
temperature,
(v) The formation of stress-induced martensite in cer-
tain titanium-vanadium and titanium-molybdenum alloys,
(vi) The effect of shock deformation at pressures of
70 and 200 Kilobars on the structure and tensile properties
of titanium and titanium-molybdenum alloys, and
(vii) The influence of the omega-phase on the tensile
properties of titanium-vanadium alloys.
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Optical and electron microscopic techniques were used
to investigate these transformation and deformation struc-
tures. Yield strength (0.2 percent off-set), tensile
strength and percentage elongation values were used to
show the influence of these structures on tensile properties.
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IV. EXPERIMENTAL PROCEDURE
A. Material Preparation
The alloys studied, their designation and analyzed com-
positions are given in Table 1. Unalloyed titanium, titan-
ium - 12.5 weight percent molybdenum and titanium - 26 weight
percent molybdenum alloys were produced by the Battelle
Memorial Institute in the form of 0.25 indh diameter rods.
After double consumable-electrode arc-melting, the alloys
were hot forged, followed by hot and cold swaging and center-
less grinding. Details are given in Appendix A. The
remaining alloys, with the exception of titanium - 22 weight
percent vanadium which was melted and fabricated by New York
University, were melted in our laboratory using a non-consum-
able arc melting furnace. High-purity titanium sponge,
molybdenum (99.9 percent purity) and vanadium (99.8 percent
purity) were used in these alloys. Fifteen gram buttons of
each alloy were melted at least twice under an argon atmo-
sphere. The titanium-molybdenum and titanium-vanadium alloys
were homogenized at 1000 0C for 48 and 300 hours respectively,
followed by quenching into water and cold rolling to about
0.015 of an inch in thickness. The major emphasis during
the preparation of all alloys was the attainment of hiigh
purity and homogeneity. Use of very high purity starting
materials, arc melting under protective atmosphere of argon
and hot fabrication techniques insures these requirements.
Fv
TABLE 1
Chemical Analysis of Titanium Alloys
Alloy Vanadium Molybqenum Oxygen Nitrogen Carbon
Designation wt. % wt. ppm ppm CbPPM
Unalloyed
Titanium -- -- 370 40 80
Ti - 16V 16.2 -- 850 190 100
Ti - 22V 22.7 -- 330 200 190
Ti - 9Mo -- 8.69 430 -- --
Ti - 11MTo -- 10.3 350 -- --
Ti - 12.5Mo -- 12.3 1700 -- -
Ti - 26DTo -- 26.4 870 -- --
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B. Heat Treatment
All heat treatments were done in quartz capsules evacu-
ated to a pressure of about 10-5mm of mercury, repeatedly
purged with ultra-high purity argon and refilled with argon
at a pressure of nearly one-half atmosphere. Specimens
were quenched after heat treatment by breaking the capsules
in iced water. This procedure is suitable for rapid quenching
without contamination other than a slight surface discolor-
ation.
C. Optical Metallography
All structures were studied both optically and in the
electron microscope. Specimens for optical metallography
were mechanically polished on 320 and 600 silicon carbide
papers prior to electrolytic polishing with solution 1 in
Table 2. Electropolishing was done between 30 to 50 volts
and at temperatures below -4000. The solution was stirred
vigorously with a glass-stirrer placed close to the surfaces
of the specimens. After polishing for about 15 minutes, the
specimens were washed with cold methanol and dried. The
etchants used for various alloys to reveal different phases
are also given in Table 2. The specimens were studied to
avoid any surface contamination such as hydride formation
during storage.
TABLE 2
Electrolytes and Etchants
Electrolyte No. 1
Methanol
n-Butyl Alcohol
Perchloric Acid (70%)
12-15 Volts, ( - 400Cc Stainless Steel Cathode
Electrolyte No. 2
Methanoi 280 cc
Sulphuric Acid 15 cc
Hydroflouric Acid (48%) 7.5 cc
15-20 Volts, ( - 40 0C, Stainless Steel Cathode
Etchants:
Alloy Composition Remarks
Unalloyed Hydroflouric Acid-1 Part by Vol. Swab for
Titanium Nitric Acid (conc)" " " 10-20 seconds
(alpha) Glycerol -2 " "
Ti - 911o Hydroflouric Acid-1 Part by Vol. Swab for 20
Ti -12.5Mo Glyc erol -" " " sec . Darkens(oC+,8 ) of but not$
Ti - 26Mo Hydroflouric Acid-5 cc Swab for 30(p) Nitric Acid (conc)-15 cc seconds
Water -80 cc
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150 cc
90 cc
15 cc
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D. Electron Metallography
1. Thin Foil Preparation
The starting material for the preparation of thin
foils for electron transmission microscopy was a disc approx-
imately 0.125 inches in diameter and 0.01 - 0.015 inches in
thickness. After thinning the central portion, the disc fits
directly into the specimen holder of the electron microscope.
The thick outer rim of the specimen provides good support
during handling and serves to maintain good thermal contact
to minimize heating by the electron beam. Contamination
during observation is minimized by a cold finger, kept at
liquid nitrogen temperature, located directly under the
specimen. Although the rate of metal removal at -400C is
low, the minimum thickness of the starting material used was
about 0.01 inches to avoid any surface effects and to obtain
a foil which is truly representative of the bulk material.
Electrolyte 1 in Table 2 gave the best results in thinning
most titanium alloys, but Electrolyte 2 was used for thinning
a few titanium-niobium alloys.
The major problems associated with the thinning of
titanium and its alloys(74 are hydride formation and
spontaneous martensitic transformation. Hydride formation
is eliminated by maintaining the temperature of the electro-
lyte below -400C during thinning. Except for titanium - 12.5
weight percent molybdenum alloys, spontaneous transformation
during thinning did not affect transmission microscopy studies
qof any alloys.
The electropolishing unit is shown in Figure 4. The
microscope is focused on the upper surface of the specimen
and a sharp pencil of light is projected onto the bottom sur-
face of the specimen by means of a concave mirror. Electro-
polishing is discontinued and the stirrer stopped when a
perforation appears in the specimen. The specimen is washed
by first immersing in a running stream of cold methanol
(-3000) to remove the electrolyte. Second, the specimen is
removed from the tweezer by dissolving the protecting lac"
quer along the edge of the disc in &cetone. Third, specimen
is washed alternately in distilled water and acetic acid to
remove any inorganic or organic material adhering to the
foil. Finally, the specimen is washed in a running stream
of cold methanol (-30OC) and dried. The washing procedure
is exceedingly important to attain foil surfaces free from
contamination . All the foils were examined in the micro-
scope immediately after preparation to avoid contamination
during storage.
2. Transmission Electron Microscopy
All transmission electron microscopy was performed at
100 kilovolts using a JEM-7 electron microsoope, equipped
with the following attachments:
(i) A high-resolution dark-field attachment. This attach-
ment makes use of a beam-deflecting coil located just above
the specimen holder. By control of the current in the deflec-
ting coil, the angle of rotation and the magnitude of deflection
Figure 4. Electropolishing Unit.
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is controlled, in order to scan a large number of diffraction
spots. In this way, high-resolution dark-field images free
from spherical abberation are obtained since the diffracted
beam proceeds along the optic axis of the objective lens.
Thus, precipitates of very small size can be detected using
specific reflections in the diffraction pattern.
(ii) A double-tilting specimen holder. By tilting
the specimen up to ± 20 degrees, it is possible to study
diffraction contrast effects resulting from different
reflecting planes.
(iii) A cold finger, kept at liquid nitrogen temperature
and located under the specimen holder. This attachment
serves to minimize contamination of the foil by selectively
collecting any residual carbonacious matter in the micro-
scope column, thus increasing the resolution and contrast
and time allowed for examination.
The procedure for indexing of selected-area diffraction
patterns and the interpretation of electron micrographs is
described in Appendix B.
E. Tensile Testing
Both flat and round tensile specimens were used. Flat
specimens, 0.015 to 0.020 inch in thickness, 0.25 inch in
width and having 1 - inch gauge sections were used to study
the dislocation structure after elongation to different
strains. Round specimens of 3/16 to 1/4 - inch diameter
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and having 1 - inch gauge sections were used for determining
the tensile properties. The tensile specimens were machined,
heat-treated and electropolished, in that order, before testing.
All tensile testing was carried out in an Instron Tensile
Testing machine at a strain rate of 5 x 10-3per minute.
F. Shock Deformation
1. Specimen Preparation
Specimens for shock deformation must be flat and straight.
This requirement is quite critical to attain planar shock wave
conditions without any interference from secondary waves which
can influence the structure produced and even cause fracture.
Unalloyed titanium, titanium - 9 weight percent molybdenum,
titanium - 12.5 weight percent molybdenum and titanium - 26
weight percent molybdenum specimens were in the form of
machined and ground strips, 0.25 inches in width, 0.047 inches
in thickness and 4 inches in length. The following heat treat-
ments were given prior to shock deformation:
(i) unalloyed titanium, quenched from 70000;
(ii) titanium - 9 weight percent molybdenum, quenched
from 1000 0;
(iii) titanium - 12.5 weight percent molybdenum, quenched
from 900 C; and
(iv) titanium - 26 weight percent molybdenum, quenched
from 8000 C. The initial average linear intercepts of grains
in these alloys are 100, 0.2, 150 and 100 microns, respectively.
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Flat tensile specimens having 0.040 - inch and 0.190 -
inch cross-sectional dimensions and 1 - inch gauge sections
were prepared from the shock deformed test pieces by spark
machining. After machining the gauge-section, the specimens
were electropolished to remove surface damage caused by the
spark machining operation. Disc-shaped specimens for electron
microscopy were obtained using a tubular tool in the Servomet
Spark machine.
2. Shock Deformation Procedure
Shock deformation was performed by the Explosives
Department of the Eastern Laboratory, E. I. duPont deNemours
and Co., Gibbstown, New Jersey. Using the plane wave genera-
ting technique described in Appendix C, deformation was
performed at pressures of 70 and 200 Kilobars. The major
precautions taken during the test were:
(i) the generation of a plane wave, and
(ii) the prevention of reflected shock waves in the
specimen, which by interference with the plane waves can
produce fracture of the test pieces.
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V. EXPERIMENTAL RESULTS
A. Phase Transformations
1. Martensite
The morphology and internal structure of martensite
was studied in titanium - 9 weight percent molybdenum and
titanium - 11 weight percent molybdenum using optical and
transmission electron microscopy. It can be seen from the
variation of the M - temperature with composition (Figure 2)
that the Ms for the two alloys is about 475 0C and 2000C,
respectively. The amount of the beta-phase retained after
transformation increases with increasing alloy content.
The morphology of martensite observed optically is shown
in Figures 5(a), 5(b), and 5(c). .The needle-like morphology
in Figure 5(a) is typical of low-molybdenum alloys, contain-
ing less than 9 weight percent molybdenum, which are quenched
from relatively low temperatures (900 - 10000C). The banded
appearance, Figure 5(b), is typical of alloys quenched from
higher temperatures (12000C). Figure 5(c) shows the morpho-
logy observed in titanium - 11 weight percent molybdenum
quenched from 10000C. This difference in morphology could
be due to the varying amounts of retained beta-phase in these
alloys. Based upon earlier investigations('o' , the
needle-like morphology has the (334) habit plane while the
banded morphology found in stress-induced martensite
(Figure 23) has the (344)p type of habit. The habit planes
41
Figure 5a 200 X
Figure 5b 200 X
(Continued)
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1 1
Figure 5c 100 X
Figure 5. Optical micrographs showing Ma tensite morphology
(a) in Ti 9 wt. % Mo quenghed from 1000 C, (b) in Ti - 9
wt. 0 Mo quenched grom 1200 C, (c) in Ti - 11 wt. % Mo
quenched from 1000 C.
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were not measured in this investigation.
The internal structure of martensite was studied by
transforming bulk specimens of titanium - 9 weight percent
molybdenum and titanium - 11 weight percent molybdenum by
rapid quenching from the beta-phase in ice-water. These
specimens were subsequently thinned and the structure
observed by transmission electron microscopy. The different
features of the internal structure observed show:
(i) Martensite plates which contain essentially no
internal structure, Figure 6(a), This structure is typical
of titanium - 9 weight percent molybdenum quenched from
lower temperatures. A similar structure has been observed
by Hammond and Kelley(22) in titanium - 5 weight percent
manganese. The habit plane in the latter alloy is (334)p.
(ii) Martensite plates with the type of internal struc-
ture shown in Figures 6(b) and 7(a). This structure is typi-
cal of titanium - 9 weight percent molybdenum and titanium -
11 weight percent molybdenum, quenched from higher tempera-
tures. It consists of a fine structure, which could be dis-
locations or fine twins, and stacking faults. The extended
dislocations lie on the basal plane and collapse during
heating by the beam to leave surface traces after removal of
the fault. The diffraction contrast associated with the
general background structure appears to stem from a moire
effect. Overlapping, fine twins or planar arrays of screw
dislocations can give rise to such a diffraction effect.
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Figure 6a. Martengite plates
quenched from 1000 C.
70,000 X
formed in Ti - 9 wt. % Mo alloy,
70,000 X
Figure 6b. Internal structure of Martensite in Ti - 9 wt. %
Mo, quenched from 1000 C., exhibiting fringe contrast (A) and
stacking faults (B).
58,000 X
Figure 7a. Internal structure of Martensite in Ti - 9 wt. %
Mo, quenched from 1200 C. showing stacking faults.
98,000 X
Figure 7b. Internal saructure of Martensite, in Ti - 9 wt. %
Mo, quenched from 1000 C, showing the presence of (1L0iJ twins.
Trace analysis of the straight line in the background struc-
ture parallel with the inscribed line in Figure 6(b), indi-
cates that they are associated with 111233 or tl74) planes.
The presence of planar arrays of screw dislocations on
(1123) planes rather than twins is favored by the observation
that partial dislocations are highly glissile through the
martensite crystal. This martensite crystal could have the
(344)0 - type habit since this kind of internal structure is
generally associated with martensite in higher molybdenum
content alloys.
(iii) Martensite plates which contain a stack of fine
[1011 twins, as shown in Figure 7(b). Such twins are only
occasionally observed. A similar structure was found by
Hammond and Kelley (22) in their work on (344}p - habit plane
martensite in a titanium-manganese alloy.
(iv) In some areas, a contrast effect, shown in Figure
8(a), which is similar in appearance to antiphase domain
boundry contrast in ordered alloys, was observed in marten-
site crystals. While the observed contrast is dependent upon
the operating reflection, it is difficult to justify a super-
lattice in this alloy which contains about 4.5 atomic percent
of solute. It can be seen from the micrograph that the con-
trast appears to lie within parallel bands whose line of
intersection with the surface is emphasized by the inscribed
line (Figure 8a). This structure was observed only in the
thinnest areas of foils after several minutes of observation
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F70,000 X
Figure 8a. Contrast effect observed wgthin Martensite crystals
in Ti - 9 wt. % Mo, quenched from 1000 C.
20,000 X
Figure 8b. Banded appearance of spontaneously transformed
regions of retain8 d beta with omega-phase in Ti - 11 wt. % Mo,
quenched from 900 C.
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in the electron microscope. Blackburn(32) has reported that
the boundaries with the beta-phase of martensite formed
during thinning were highly glissile under the influence of
the electron beam. It is concluded that this contrast shown
in Figure 8(a), results from a moire effect associated with
martensite formed during thinning.
(v) The banded structure shown in Figure 8(b) has
previously been reported(22) to be face-centered cubic marten-
site, twinned on one or two sets of f111 planes. Selected -
,). c.C
area diffraction patterns obtained in this investigation from
such areas did not show a face-centered cubic structure, but
contained beta- and omega-phase reflections. The quantity
of retained beta-phase and the associated omega-phase increases
with increasing alloy content and quenching temperature. It
is suggested that this structure results from spontaneous
martensitic transformation during thinning of areas which
contain retained beta-phase. Blackburn(32) reports that
the omega particles redissolve in areas which transform
during thinning.
2. Omega-Phase
The formation of omega-phase on quenching and aging
was studied in several titanium-vanadium alloys, using
transmission electron microscopy. The major results of
the investigation are as follows:
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a. Structure and Morphology
The structure of the omega-phase was studied by
selected-area electron-diffraction and dark-field microscopic
techniques. Figures 9(a) and 10(a) show two selected-area
diffraction patterns observed in titanium - 16 weight percent
vanadium quenched from the beta-phase. The diffraction pat-
terns are derived from [ 2 1 0 ]p and (311]p zones, respectively,
in addition to reflections from different variants of the
omega-phase and some multiply diffracted reflections. By
assuming an hexagonal structure for the omega-phase with
c/a = 0.61, and the orientation relationship: (111) // (0001)0
and [110] // [ll0], these patterns were indexed as indi-
cated in Figures 9(b) and 10(b). Two variants of the omega-
phase are shown in each pattern. The extra reflections,
indicated by crosses, were shown to result from multiple
diffraction. Certain reflections not permitted by the struc-
ture factor, can be observed through multiple diffraction.
In order to observe a multiply diffracted spot, both the in-
itially diffracted beam and the doubly diffracted beam should
intersect the sphere of reflection. However, the reciprocal
lattice point corresponding to the planes causing secondary
diffraction need not lie on this sphere(75,76)* By tilting
the foil, the position of the planes with respect to the
electron beam is changed and the above mentioned conditions
for obtaining multiple spots are disturbed. In this manner,
the presence of multiple spots can be established in a
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Figure 9. Selected-area diffraction pattern from foils con-
taining beta-and omega-phases. [ 2 10]p zone normal, showing
two omega-phase variants of (2116) zone. Reflections marked
(x) are produced by double diffraction.
Figure 10a
TENIQ IWOz~
9 0
o11p
.. 
-
I IOW
0 a
T2Tp
' x .
Figure 10b
Figure 10. Selected-area diffraction pattern from foils con-
taining the beta-and omega-phases. [31 ]p zone normal, showing
two omega variants of <2113> zone. Reflections marked (x) are
produced by double diffraction.
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diffraction pattern. Few, weak multiple reflections are
evident in the [210]p reciprocal lattice section shown in
Figure 9(a). After tilting the foil to the [311]a recipro-
cal lattice section, very prominant multiple reflections are
observed, Figure 10(a).
The morphology of the omega-phase in alloys quenched
and aged for short periods of time is shown in Figures 11(a)
and 11(b). Small omega-particles do not show a distinct
morphology in the quenched alloys. The contrast associated
with the omega-phase particles is strongest at extinction
contours to indicate that they are coherent with the matrix.
After aging for long times, such as 200 hours at 35000,
omega-phase particles develop a cuboidal morphology as
shown in Figures 12(a) and 12(b). The operating reflection
for the dark-field electron micrograph, Figure 12(b), is
(10I1),.One variant of the omega-phase is apparent. The
maximum size developed on aging is about 1500AO. Using
omega-phase reflections from this area, at least two vari-
ants of the omega-phase were observed within a single grain
of the beta-phase.
b. Formation of Omega-Phase
From studies of titanium-vanadium alloys in the
composition range from 15 - 50 weight percent vanadium, it
is concluded that the omega-phase forms on quenching in
alloys containing up to about kO weight percent vanadium
and after aging at temperatures below about 400 0C in alloys
56,000 X
Figure 1la. Morph8logy of the omega-phase in Ti - 16 wt. % V,
quenched from 1000 C.
62,000 X
Figure llb. Morphology of the ogega-phase in Ti - 16 wt. % V,
after quenching and aging at 350 C (60 hours).
56,000 X
Figure 12a. Bright-field micrograph, showing morphology 8 f
precipitates in Ti - 16 wt. % V, quenched and aged at 350 C
(260 hrs).
52,000 X
Figure 12b. Well developed cuboidal morphology of the 0 omega-
particles in Ti - 16 wt. % V, quenched and aged at 350 C
(260 hours). Dark-field micrograph from (1011) reflection
showing one variant of the omega-phase.
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containing between 20 and 30 weight percent vanadium. Alloys
of still higher vanadium contents do not form omega-phase
on aging but precipitate the alpha-phase as described later
in Section 4. It is difficult to quantitatively estimate
the amount of the omega-phase observed in thin foils because
of very large volume fraction which leads to particle over-
lap. From observation of the omega-phase in various alloys,
it is noted that qualitatively, the volume fraction decreases
with increasing vanadium content. This agrees with Hickman's
(33) results using x-ray diffraction. From the strain con-
trast and the streaking of diffraction spots observed in
quenched titanium-vanadium alloys containing the omega-phase,
it is concluded that the omega-phase is initially coherent
with the matrix. After aging, the presence of discreet omega
particles with no strain contrast indicate that the omega-
phase becomes incoherent.
3. Formation of Equilibrium Alpha
The equilibrium alphar-phase precipitates during long
aging times at low temperatures, such as 200 hours at 3500C,
and during short aging times at higher temperatures, such as
4 hours at 4500 C. The omega-phase is consumed as the alpha-
phase grows. Figure 13(a) clearly shows the ellipsoidal par-
ticles of equilibrium alpha-phase, precipitating in the beta-
phase between the omega-particles, probably at the beta-omega
interface. A selected-area diffraction pattern, Figure 13(b)
exhibits reflections which appear along with the precipitation
56
104,000 X
Figure 13a. Ellipsoidal particles of equilibrium alpha-phase
formed at beta-8 mega interface. Ti - 16 wt. % V, quenched
and aged at 350 C (260 hrs).
Figure 13b.
Figure 13a.
Selected-area diffraction pattern from areas in
[210]p zone with omega and alpha phase reflections.
iiii w
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of the alpha-phase. Using one of these reflections, indi-
cated by an arrow in Figure 13(b), a single variant of the
ellipsoidal particles of alpha-phase is shown in the dark-
field micrograph of Figure 14(a). Alpha-phase particles
in an alloy aged at 4500 C for 12 hours appears as shown in
Figure 14(b).
4. Phase Separation
To study the possibility of phase-separation in the
titanium-vanadium system, an alloy .of titanium - 50 weight
percent vanadium was aged for different periods of time at
50000. This temperature is well into the beta-phasecregion
of the published phase diagram of this system. A uniform
distribution of alpha-phase particles are developed in the
beta-phase matrix, as shown in Figures 15(a) and 15(b). There
are certain disadvantages in studying the phase-separation
phenomenon in titanium-vanadium alloys. First, vanadium and
titanium have nearly identical atomic scattering amplitudes
for electrons. Therefore, any diffraction contrast effect
due to compositional fluctuations will be difficult to ob-
serve. Second, the initial decomposition of the beta-phase
is difficult to study in alloys containing up to 30 weight
percent vanadium because of omega-phase formation on quenching
and aging. To overcome these drawbacks binary titanium-
niobium alloys with 40 and 70 weight percent niobium and
ternary titanium - 20 weight percent vanadium - 10 weight
percent zirconium were studied. Titanium and niobium atoms
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56,000 X
Figure 14a. Dark-field micrograph using alpha-phase reflection
(marked in Figure 13b) showing a variant of ellipsoidal alpha
particles.
70,000 X
Figure 14b. Morphology of the alpha-phase particles in a
Ti - 16 wt. % V, quenched and aged at 450 C (12 hrs).
12,000 X
Figure 15a
Figure 15b 58,000 X
Figure 15. Morphology of the alpha precipitate in Ti - 50 wt.% V, quenched and aged at 500 0C (40 days).
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possess a large difference in the atomic scattering amplitude
for electrons and yet have nearly equal atomic sizes. These
characteristics make these alloys suitable for the study of
phase separation by spinodal decomposition using transmission
electron microscopy. The difference in atomic scattering ampli-
tudes for electrons makes it possible to observe diffraction
contrast effects due to compositional fluctuations. Further,
small difference in atomic sizes results in little suppression
of the critical temperature. In the ternary alloy the addition
of zirconium suppresses omega-phase formation.Figure 16(a)
shows a selected-area diffraction pattern obtained from titan-
ium - 40 weight percent niobium, after quenching and aging at
450 0C for 1 hour. The diffraction spots show streaking in the
[100] and [110] directions. Similar streaking is observed in
the case of titanium - 70 weight percent niobium alloy.- Such
streaking has been observed by Woodilla in gold-nickel
alloys which are known to undergo spinodal decomposition.
From the limited study of the titanium - 20 weight percent
vanadium - 10 weight percent zirconium alloy, it was observed
that zirconium suppresses omega-phase formation on quenching.
Aging of this alloy at 350 0C for 100 hours, produces the
structure shown in Figure 16(b). It is similar to the inter-
connected morphology of spinodally decomposed alloys. The
electron diffraction-patterns did not show any conclusive
results, however. To determine the effect of low temperature
aging on stability of the beta-phase, alloys of titanium - 50
Figure 16a. Selected area diffraction pattern 8f a Ti - 40
wt. % Nb, [100]p zone, quenched and aged at 450 C (1 hr),
showing streaking of the diffraction spots.
56,000 X
Figure 16b. Morphology of the precipitate deve oped in Ti - 20
wt. % V - 10 wt. % Zr, quenched and aged at 350 C (100 hrs).
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weight percent vanadium and titanium - 26 weight percent
molybdenum were aged at 350 0C for different periods of time.
After aging for 30 days, the titanium - 50 weight percent
vanadium alloy showed a uniform dispersion of alpha-phase
particles, Figure 17(a). No uniform precipitation was ob-
served in the case of titanium - 26 weight percent molybdenum,
Figure 17(b), within the beta-grains. However,the grain bound-
aries show a contrast which could be attributed to precipi-
tation of impurities during long term annealing.
B. Deformation
1. Dislocation and Twin Structure
a. Dislocation Substructure in the Beta-Phase
The dislocation substructure of the body-centered
cubic beta-phase was studied using polycrystalline specimens
of titanium - 26 weight percent molybdenum. No omega-phase
is present in this stable alloy. The dislocation arrangement
is not uniform in all grains of previously strained specimens,
since the amount of strain in a given grain is dependent upon
its orientation relative to the tensile axis. However, by
studying many samples from different tensile specimens, a
general conception of the dislocation arrangement can be made.
Figures 18(a), 18(b), 29(a) and 19(b) show the arrangement
of dislocations produced at increasing levels of strain.
Groups of dislocation loops are observed at very low strains,
Figure 18(a). Such an arrangement of dislocations which
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56,000 X
Figure 17a. El8ctron micrograph of a Ti - 50 wt. % V, quenched
and aged at 350 C (30 days) showing uniform precipitation of
alpha-phase.
56,000 X
Figure 17b. Electron micrograph of a Ti - 26 wt. % Mo, treated
in the same manner as above.
Figure 18a 1.4 % Strain 56,000 X
Figure 18b 2 % Strain 60,000 X
Figure 18. Dislocation substructure in Ti - 26 wt. % Mo, after
straining at room temperature.
-- - - - - - -- -A
remain bowed after removal of external stress suggests
a high frictional stresses for dislocation motion. The loops
elongate with increasing strains as shown in Figure 18(b).
Figure 19(a) shows dipoles resulting from the jogs on the
screw dislocations. Finally, the dislocation arrangemhent at
higher strains consists of a cross-hatched structure, Figure
19(b) consisting predominantly of straight dislocations.
Through use of dark-field microscopy to determine the Burgers
vector, it was shown that the dislocations were pure screw
in character. The slip plane could not be determined con-
clusively from this investigation on polycrystalline material.
From the trace analysis of the dislocation bands, Figure 20,
the projected width of the dislocation and assuming the foil
thickness as 2000 A0 , the dislocations seemed to lie on (112)
planes rather than (110). However, it is possible that both
(112)<111> and (110)(111) slip systems operate in polycrystal-
line specimens because of the known orientation dependence
for the choice of slip system in body-centered cubic metals.
b. Twinning
Quenched titanium - 22 weight percent vanadium
twinned when strained in tension at room temperature. Twins
produced during tensile deformation of a previously polished
sample are exhibited in Figure 21(a). The shape distortion
due to twinning and slip lines are evident. The twins
appear as shown in Figure 21(b) after polishing and etching.
After aging at 35000 for one hour to precipitate the omega-
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Figure 19a 10 % Strain 98,000 X
Figure 19b 15 % Strain 60,000 X
Figure 19. Dislocation substructure in Ti - 26 wt. % Mo,
strained at room temperature.
56,000 X
Figure 20. Dislocation substructure in Ti - 26 wt. % Mo,
strained 2 % at room temperature.
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100 X
Figure 21B. Optical micrograph of Ti - 22 wt. % V, quenched
from 1000 C, polished and strained, showing twins and slip
lines.
100 X
Figure 21b. Optical micrograph of Ti - 22 wt. % V, polished
and etched after straining, showing twinned structure.
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phase, twinning was completely suppressed. The surface of
a polished sample after tensile testing exhibits slip lines
but no twinning, Figure 21(c). The load-elongation curves,
for the former sample which twinned, showed serrations from
the discontinuous strain increments associated with twinning.
Figures 22(a) and 22(b) show the type of dislocation
arrangement observed in the case of specimenwhich twinned
and did not twin, respectively. The specimen which twinned
showed straight dislocations, Figure 22(a), most probably
screw in character, whereas the specimen containing omega-
phase, showed a tangled dislocation arrangement, Figure 22(b),
about omega-phase particles.
2. Stress-Induced Martensite
The effect of stress on metastable titanium - 12.5 weight
percent molybdenum and titanium - 16 weight percent vanadium
was studied using optical and transmission electron microscopy.
The appearance of stress-induced martensite in the alloys is
shown in Figures 23 and 24, respectively, after strains of
4 and 15 percent. The similarity in the morphology of stress-
induced martensite in these alloys is evident. Attempts were
made to show that stress-induced martensite formed from meta-
stable beta-phase alloys is hexagonal close-packed and not
body-centered cubic or body-centered tetragonal as reported
by Blackburn(32) . The following observations were made for
stress-induced martensite in titanium - 16 weight percent
vanadium:
70
100 X
Figure 21g, Optical micgograph of Ti - 22 wt. % V, quenched
from 1000 C, aged at 350 C (1 hour) and strained. Absence of
twinning, showing grains with slip lines.
56,000 X
Figure 22a. Dislocation sixstructure of the twinned Ti - 22
wt. % V, quenched from 1000 C, showing presence of straight
screw dislocations.
124,000 X
Figure 22b.-- Dislocation substructure of Ti - 22 wt. % V, con-
taining omega-phase, which did not twin, showing dislocation
tangles and omega particles.
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Figure 23a 4 % Strain 100 X
747
1 11
Figure 23b 15 % Strain 100 x
Figure 23. Optical micrographs of Ti - 12.5 wt. Mo, quenched
from 1000 C and strained, showing the morphology of stress-
induced Martensite.
Figure 24a 4 Strain 100 X
Figure 24b 15 / Strain 100 X
Figure 24. Optical micrographs, showing the morphology of
stress-induced Martensite in Ti - 16 wt. % V, quenched from
1000 C and strained.
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(i) The internal structure of martensite plates,
shown in Figure 25(a) and 25(b) consists of a high density
of dislocations rather than the planar array of dislocations,
stacking faults and possibly twins found in spontaneously
transformed martensite.
(ii) The selected-area diffraction pattern from these
martensite plates, shown in Figure 25(c), confirms their
hexagonal close-packed structure with c/a = 1.58. The beam
direction is [473],e.
(iii) The omega-phase and some retained beta-phase was
present in addition to stress-induced martensite.
To further confirm that this structure was stress-induced
martensite and not twins in the beta phase, the growth of the
omega-phase in the beta and martensite areas was investigated.
Growth of the omega-phase differ in hexagonal close-packed
martensite and the beta-phase. However, no differences in
the growth of the omega-phase would be observed for a twinned
structure in a completely beta-phase alloy. Titanium - 16
weight percent vanadium was aged at 35000 for about 300 hours
after quenching to room temperature and straining to 10 per-
cent. The difference in the growth of the omega-phase is
clearly seen in Figure 26(a). The selected-area diffraction
pattern for the martensite crystals, where little growth of
its omega-phase occurred, is shown in Figure 26(b) to be
hexagonal close-packed. Well developed cuboids in the beta-
phase, are shown in the dark-field micrograph, Figure 26(c),
Figure 25a 20,000 X
Figure 25b 66,000 X
Figure 25. Electron micrographs showing the internal structure
of stress-induced Martensite in Ti - 16 wt. % V, quenched and
strained.
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Figure 25c. Selected-area diffraction patterns from the
stress-.induced Martensite plate in Figure 25b, showing a
[1!4!!3], zone.
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20,000 X
Figure 26a. Electron microgr ph of a quenched Ti - 2.6 wt.
% V, strained and aged at 350 C (330 hrs), showing the
morphology and growth of precipitates in beta-phase and stress-
induced Martensite rains
Figure 26b. Selected-area diffraction pattern from the stress-
induced Martensite plate in Figure 26a, showing [2473] - zone.
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62,000 X
Figure 26c. A dark-field micrograph from the same area as
in Figure 26a, using {lOi), reflection, showing the growth
of omega-phase in the beta and stress-induced Martensite
grains.
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obtained using the (1011)tj reflection. A similar experiment
could not be performed with titanium - 12.5 weight percent
molybdenum since, as mentioned earlier, thin foils could not
be prepared of this alloy.
3. Shock Deformation
Four different initial structures, hexagonal close-
packedO(-phase (unalloyed titanium), oC'- martensite (titanium- -
9 weight percent molybdenum), metastable body-centered cubic
j-phase (titanium. - 12.5 weight percent molybdenum) and stable
f-phase (titanium - 26 weight percent molybdenum) were includ-
ed in this study. The terminal structures developed in these
after shock deformation at 70 and 200 Kilobar pressure can
be summarized as follows:
a. Unalloyed Titanium
The microstructures produced after shock deformation
at 70 and 200 kilobars are shown in Figure 27. Profuse twins,
which are themselves internally twinned, are produced after
shock deformation at 70 Kilobars pressure (Figure 27a). The
microstructure developed after 200 Kilobar pressure loading,
Figure 27(b), is much finer in scale and the needle-like
appearance resembles martensite observed in titanium alloys.
Foils of specimens deformed at 70 Kilobars pressure viewed
in transmission show a high density of dislocations between
and within the twins, shown in Figure 28(a). The deformation
twins observed in this case were of the 1012) type as shown
t I/f p
Figure 27a. After shock deformation at 70 Kilobar.
Figure 27b. After shock deformation at 200 Kilobar.
Figure 27. M~icrostructure of shock deformed unalloyed
titanium.
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500 X
500 X
Figure 28a 20,000 X
Figure 28b 56 000 XFigure 28. Electron micrographs of shock-deformed unalloyedtitanium after 70 Kilobar pressure.
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in Figure 28(b). The terminal structure observed after 200
Kilobars pressure appears as shown in Figures 29(a) and 29(b).
These crystals and the internal structure resembles marten-
site formed in alpha-titanium by rapid quenching from the
beta-phase.
b. Titanium 9 weight Percent Molybdenum
Figures 30(a) and 30(b) show the microstructure
observed optically, after 70 and 200 Kilobars pressure,
respectively. There is little apparent difference in these
structures when observed optically. The terminal structure
observed in transmission after 70 Kilobars pressure contains
a high dislocation and twin density, Figure 31(a). The
terminal structure after 200 Kilobar pressure loading, is
markedly different in morphology (Figure 31b). The banding
of martensite crystals, showing an invariant plane common to
adjoining martensite crystals is clearly evident in the
micrograph. Also the size of the martensite crystals is
smaller at 200 Kilobar pressure.
c. Titanium - 12.5 weight percent Molybdenum
The banded appearance of titanium - 12.5 weight
percent molybdenum after shock deformation is typical of
stress-induced martensite in this alloy. The microstructure
after shock deformation at 70 and 200 Kilobars pressure
appears in Figures 32(a) and 32(b), respectively. It is.
evident from these micrographs that the volume fraction of
Figure 29a 20,000 X
Figure 29b 124,000 X
Figure 29. Electron micrographs of shock-deformed unalloyed
titanium after 200 Kilobar pressure.
Figure 30a. After shock deformation at 70 Kilobar.
Figure 30b. After shock deformation at 200 Kilobar.
100 x
100 X
Figure 30. Microstructure of shock deformed Ti - 9 wt. % Mo.
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Figure 31a. After shock deformation at 70 Kilobar.
Figure 31b. After shock deformation at 200 Kilobar.
20,000 X
56,000 X
Figure 31. Electron micrographs of Martensite in Ti- 9 wt. %
Mo. after shock deformation.
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Figure 32a. After shock deformation at 70 Kilobar.
100 X
100 X
Figure 32b. After shock deformation at 200 Kilobar.
Figure 32. Optical micrograph showing the morphology of stress-
induced Martensite in Ti - 12.5 wt. % Mo after shock deformation.
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martensite obtained after 200 Kilobar pressure deformation,
Figure 32(b), is lower than that after 70 Kilobar pressure,
32(a). The internal structure, viewed in transmission could
not be studied due to difficulty in producing the foils of
this alloy.
d. Titanium - 26 weight percent Molybdenum
The optical micrographs of this alloy after shock
deformation at 70 and 200 Kilobar pressure, Figures 33(a)
and 33(b), show few twins in some grains. The internal
structure observed in transmission, Figure 34(a), showed a
dislocation arrangement characterized by a high density of
short segments of screw dislocations. Within some local
regions, the segments appear to lie parallel with one another.
However,more complex arrays are usually observed, Figure 34(b).
C. Tensile Propertes
1. fffectof Omega-Phase
To study the effect of omega-phase on tensile proper-
ties, an alloy of titanium - 22 weight percent vanadium was
tested after aging at 350 0C for different periods of time.
One problem associated with testing these samples was pre-
mature fracture in the grips because of their extreme brittle-
ness. This problem was overcome by substantially reducing
the diameter of the gauge section relative to the gripped
ends. These specimens with large volume fraction of the
omega-phase fractured before exhibiting any noticeable
NFigure 33a. After shock deformation at 70 Kilobar.
Figure 33b. After shock deformation at 200 Kilobar.
Figure 33. Microstructure of shock deformed Ti - 26 wt.
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100 X
100 X
% Mo.
Figure 34a
Figure 34b 70,000 X
Figure 34. Electron micrographs showing the dislocation sub-
structure in Ti - 26 wt. % Mo after shock deformation.
114,p000 X
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elongation. The tensile data are given in Table 3.
The alloy twins in the quenched state, but on aging,
twinning is completely suppressed. The tensile strengths
developed by the present heat treatments can be compared with
those of Troiano and coworkers(73) on titanium - 20 weight
percent vanadium quenched directly to the aging temperature
of 350 0C, Figure 3(b). Higher strength values are obtained
by quenching to room temperature followed by aging than by
direct quenching to the aging temperature. Appreciable
ductility with little decrease in strength are obtained in
alloys which are aged at 50000 for 12 hours after initial
aging at a lower temperature. The dispersion of the omega-
and alpha-phases after such heat treatment were described in
earlier sections. The formation of dislocation tangles about
omega-phase particles was shown in Figure 22(b). The disloca-
tion interaction with alpha-phase particles can be seen from
Figure 35, where straight dislocations and no tangles are
observed between the alpha particles.
2. Effect of Shock Deformation
The tensile properties of annealed and shock deformed
alloys are summarized in Table 4. From the yield (0.2% off-
set) and ultimate tensile strength values, it is concluded
that the greatest percentage increase in strength is found in
the case of unalloyed titanium while least strengthening is
found in beta-phase titanium - 26 weight percent molybdenum.
Further, metastable titanium - 12.5 weight percent molybdenum
Tensile
Heat Treatment Strength Elongation
KSI
1. Quenched from 1000 0C 103 45
2. Quench 8 d from 10000C and aged
at 350 C (48 hrs) 180
3. Quench 8d from 10000C and aged
at 350 C (99 hrs) 176
4. Quenchgd from 10000C and aged
at 350 C (260 hrs) 170
5. Quenched from 10000C6 aged at
350 C (1 hr) and 500 C (12 hrs) 155 17
TABLE 3
Effect of Omega-Phase on Tensile Properties
of Ti - 22 wt. % V Alloy
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60,000 X
Figure 35. Electron micrograph showing the dislogation arrange-
ment in Ti 16 wt. % V, quenched and aged at 500 C (12 hours)
producing alpha-phase particles, strained 4 %.
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TABLE 4
Tensile properties of annealed and shock
deformed Ti and Ti-Mo Alloys
Alloy 0.2%offset Ultimate Percent
Composition Treatment stress KSI Tensile Elongation
Strength KSI
Ti Annealed 12 30 50
Unalloyed 70 Kilobar 36 48 10
200 Kilobar 74 114 5
Annealed 38.5 103 34
. 70 Kilobar 80 122.5 7.6Ti - 9Mo 200 Kilobar 86 132 6
Annealed 58 100 40
Ti - 12.5Mo 70 Kilobar 121 180 6
200 Kilobar 79 110 27
Annealed 83 119 13
Ti - 26Mo 70 Kilobar 86 123 8
200 Kilobar 83 120 8
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exhibits the highest ultimate strengths after shock defor-
mation at 70 Kilobars pressure. The percentage elongation
is drastically reduced in all cases except in titanium - 12.5
weight percent molybdenum after shock deformation at 200 Kilo-
bar pressure. Both the yield and ultimate tensile strengths
are lowered after deformation at the higher pressure with an
attending increase in elongation in titanium - 12.5 weight
percent molybdenum alloy. The Knoop hardness values for un-
alloyed titanium were 115, 175 and 400 for annealed and deformed
at 70 and 200 Kilobar pressure, respectively. These agree
with the increases in the ultimate tensile strengths found
in this alloy after shock deformation.
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VI. DISCUSSION
A. Phase Transformations
1. Martensite
From observations of the morphology and internal
structure of martensite in titanium-molybdenum alloys and by
comparison with other investigations, it was concluded that
two types of martensite exist in these alloys. These have
been classified as {334),- and (344 -types according to
their habit planes. The accicular morphology, typical of
low molybdenum containing alloys (less than 9 weight percent)
could be of the f334) -type whereas the banded appearance,
typical of stress-induced martensite could be of the {344}0 -
type. The choice of habit plane depends upon the composition
of the alloy.
It was observed that the amount of retained beta-phase
increased with increasing quenching temperature and alloy
content. The effect of alloy content can be easily explained
on the basis of the increased beta-stabilizing effect but the
influence of the quenching temperature is less clear. Possibly
fewer potent nuclei are available for martensite formation
after quenching from the higher temperature.
Internal structures representing the martensitic trans-
formation in the bulk material and structures which are not
representative of the bulk material have been observed using
transmission electron microscopy. The latter are formed
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during thinning either due to spontaneous transformation or
to hydrogen contamination of the foil. The {334J,-type of
martensite plates contain essentially no internal structure
whereas the (344) -type martensite plaes contain stacking
faults and dislocations. In few cases, fine internal twinning
was observed in (344}, -type martensite plates, which could be
an accommodation effect. As the solubility of hydrogen in
the alpha-phase is extremely low, hydrogen contamination of
the foil will cause hydride precipitation in the martensite.
No face-centered cubic structure was observed in this study
and it is suggested that the face-centered cubic martensite
reported by Blackburn and Williams(20,21) and Hammond and
(22)Kelley is related to hydride formation during thinning.
This seems reasonable since the lattice parameter reported
for the face-centered cubic martensite (af*cIc. = 4.5 A0 ) is
the same as that of titanium hydride. The structures developed
by spontaneous transformation in thin areas of the foil con-
tain very glissile boundaries which move under the influence
of electron beam during observation. These structures do not
show well-defined diffraction pattern and are more commonly
observed in alloys containing higher amounts of the retained
beta-phase. The factors which influence spontaneous trans-
formation on thinning in both ferrous and non-ferrous alloys
are not well established at this time. In part, relaxation
of elastic constraints on thinning could raise the Ms-tempera-
ture to cause transformation in thin areas.
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2. Omega Phase
a. Structure and Morphology
From the selected-area diffraction patterns of the
omega-phase in quenched and aged titanium-vanadium alloys,
it was shown that the structure of the omega-phase can be
represented by an hexagonal cell, with 3 atoms per unit cell,
and having the axial ratio of 0.61. Further the orientation
relationship between the beta- and omega-phases given by
Silcock and coworkers(27) is correct. The selected-area
diffraction patterns shown in Figures 9 and 10 can be indexed
as cubic with a. = 3ap only when the multiple reflections
are included. The two beta- and omega-phase zones and their
zone axes are given on a stereographic projection as shown in
Figure 36. As noted in the previous section, all diffraction
patterns of the omega- and beta-phases can be identified
employing the double-stereographic technique described in
Appendix B.
In a body-centered cubic lattice, the ratio of half the
body diagonal to the base diagonal is J/2 /J2 = 0.613.
Therefore, assuming a hex. = T2 ab.c.c. and chex. = 3 / 2 ab.c.c.
the axial ratio (c/a) equals 0.613, with atomic positions in
the hexagonal cell at (0,0,0) and t (2/3, 1/3, 2/3). The
position of the atoms in the omega unit cell are (0,0,0) and
t (2/3, 1/3, 1/2). Hatt and Roberts have shown this
clearly with sketches of projections of atoms on different
planes, in explaining the structure of omega-phase and its
I
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- - [216] // [2TI6 ZONE
Figure 36. Stereo raihic projection of (111)0 // (0001)td
showing [311] // 2 3]j and [2103, // [2116]& zones.
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relation to the parent beta-phase in zirconium-niobium alloys.
They describe the beta to omega transformation by small atomic
movements on {1121 planes in (111> directions. Silcock
(27)and coworkers on the other hand suggest that atoms on
every third plane perpendicular to a [l1]p direction are
unchanged, while atoms on intermediate planes move 1/12 [11l]g
in opposite directions to form the central plane of the omega
cell.
The omega-phase particles in the quenched alloys are small
(about 50 Ao in size). Strain contrast and streaking of reflec-
tions indicate that the omega-phase is coherent with the
matrix in the quenched alloys. On aging, the omega-phase
particles grow to a cuboidal morphology with maximum size
about 1500 A0 and lose their coherency. More than one variant
of omega-phase within a beta-phase grain were observed using
dark-field microscopy, to confirm the hexagonal structure of
the omega-phase.
b. Formation of the Omega-Phase
The work done on a number of titanium-vanadium
alloys indicates that the omega--phase forms during quenching
in alloys which contain up to 20 weight percent vanadium and
during isothermal aging in alloys which contain between 20 to
30 weight percent vanadium. The omega-phase forms by a
diffusion-controlled nucleation and growth process at least
in alloys containing higher than 20 weight percent vanadium.
The reasons for believing that omega-phase formation is not
diffusionless or martensitic in nature are:
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(i) Omega-phase is found in retained beta-phase together
with oC -martensite.
(ii) Omega-phase forms solely in the beta-phase. There-
fore, alloy composition and the quenching temperature, which
influence the quantity of retained beta-phase, effect the
quantity of omega-phase present in an alloy.
(iii) Omega-phase does not form on quenching in alloys
having vanadium content higher than 20 weight percent, but
does form during low-temperature aging above room temperature.
(iv) An earlier observation used to suggest that omega-
phase formation is martensitic in nature because deformation
assists its formation. However, unambiguous analysis of x-ray
diffraction patterns of these deformed alloys is not possible
because of the formation of stress-induced martensite.
A hypothetical free- energy-composition diagram, Figure
37, showing the relative positions of the free energy curves
for the beta-, omega- and alpha-phases can be used to support
a diffusion-controlled nucleation and growth mechanism. An
alloy having composition (1) intersects the free energy curves
of the beta- and omega-phases at (a) and (b), the composition
of these respective phases after quenching. On aging, the
omega-phase becomes richer in titanium and beta-phase richer
in vanadium as represented by the arrows. Omega-phase can
only form on aging in an alloy having composition (2). The
volume fractions of omega- and beta-phases are given by appli-
cation of lever rule to the tangent of beta- and omega-phase
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Hypothetical Free Energy-Composition curves.Figure 37.
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curves. As shown in Figure 37, an alloy of composition higher
than Cp cannot form omega-phase on aging. As reported by
Hickman(33) and Bagariatskii and Nosova(34, the composition
of omega-phase in equilibrium with beta-phase is fixed after
aging, irrespective of the composition of the alloy used. It
can be seen from Figure 37 that the composition of omega-
phase in equilibrium with beta-phase is fixed at the point CW
on the curve. Hickman's(33) work showed that the volume frac-
tion of the omega-phase decreases with increasing alloy con-
tent. This can also be seen from Figure 37 by applying the
lever rule. Finally the diffusion distances'in this case are
very small since the size of omega-phase particles is about
50 Ao and their volume fraction is about 0.8. Hence, the
time required for diffusion is very small. In the simple
diffusion equation, X = Dt where X is the diffusion distance,
D the diffusivity of vanadium in titanium and t the time in
seconds. The exact value for diffusivity D in the case of
omega-phase formation is not known. However, substituting
the value for diffusivity(79'0o obtained at 9000C, or 1010
cm2 / sec., and setting X approximately equal to 100 A0 , the
time required for diffusion of vanadium atoms over this dis-
tance is 10-2 seconds. Thus, sufficient time appears to be
available for a diffusion controlled process to occur during
quenching.
3. ~
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Formation of Equilibrium Alpha
The formation of equilibrium alpha-phase from a two-
phase beta-plus omega-phase structure was studied to show
that the omega-phase is not a transition phase, or that the
alpha-phase forms by a separate nucleation and growth process
rather than by direct conversion from the omega-phase particles.
The experimental results show clearly that ellipsoidal alpha-
phase particles form in the beta-phase and subsequently grow
to consume the omega-phase particles. This can be explained
with the help of free energy-composition diagram,,Figure 37,
and by taking into consideration the mass balance of solute,
as shown in Figure 38.
As the large volume fraction of omega-phase becomes
richer in titaniumg, the beta-phase becomes saturated in vana-
dium and finally precipitates alpha-phase. From Figure 37,
we see that the composition of the beta-matrix increases in
vanadium to Cpg as the alpha-phase forms. To keep the vana-
dium contents of the beta-phase in equilibrium with the omega-
phase at Cp6 , part of the omega-phase dissolves. As the
alpha-phase grows, additional omega-phase particles dissolve
until finally the structure consists solely of alpha-phase
precipitates in a beta-phase matrix. The distribution of
solute on the precipitation of the alpha-phase as the omega-
phase particles dissolve is schematically illustrated by
Figure 38.
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Figure 38. Schematic variation of solute distribution on
precipitation of equilibrium alpha-phase.
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4. Phase Separation
The heats of mixing for the titenium-vanadium, titanium-
niobium and titanium-molybdenum systems can be obtained using
the regular solution approximation and the known phase diagrams.
Krisement(37) has previously made such a calculation for the
titanium-vanadium system. In an alloy Ti-Me (where Me repre-
sents the solute metals, vanadium niobium or molybdenum) the
free energies of the alpha- and beta-phases, having Me-tontent
'x' are given by
F(x) = [(1x)F Ti+ x]M]el + kAx(l-x) + RT[xlnx + (l-x)ln(l-x)]
..equation la.
F.(x) = [(l-x)FOTi+ xFp'Me] + Apx(l-x) + RT[xlnx + (1-x)ln(l-x)]
..equation lb.
where F Ti = the free energy of pure hexagonal close-packed
alpha-phase titanium
F Ti = free energy of pure body-centered cubic beta-
phase titanium
F Me = free energy of pure body-centered cubic beta-
phase solute, and
FMe = free energy of pure hexagonal close-packed alpha-
phase solute. The hexagonal close-packed struc-
ture is not stable in vanadium, niobium or molybdenum. The
interaction parameters are A. and Ap , in the alpha- and
beta-phases respectively. If x., and xA are the concentrations
at the limits of solubility of the two-phase (ca+ p) region,
it follows that:
P071i -
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Fe (x)= Fp'(xp) ..equation 2
Fp (xp) - Fa(xg) = (xg- xg)F,'(x ) ..equation 3
Differentiating equations la and lb with respect to x at x.
and xp ,
F' (xg) = -FO + F + A - 2A x + RT[lnx -ln(1-x)
..equation 4a
F '(XP) =-Fp Ti+ F Me+ A, - 2A x + RT[lnx -ln(1-xp)]
..equation 4b
Substituting these values of Fa'(x ) and F '(x) into equation
2, the following equation is obtained:
A (1 - 2x ) - AO(1-2x ) RT In xP(l - [(FTi- F )
(Me. Me(FM MeFo )J ..equation 5
Substituting the values from equations 1 and 4 in equation 3,
and eliminating [(FATi- FT) - (Fp Pe- FZMe)] using equation
5, the final expression is obtained in the following form:
x.A - x A = RT in l-x + (FTi- FO Ti) ..equation 6
1-xg
Using values of x.6 and xp obtained from the phase dia-
gram( ,81) at two temperatures, and the values of (F -Ti F Ti
from Kaufman's work(8 2) , the values of the interaction para-
meter AA in the beta-phase were calculated for titanium-
vanadium, titanium-niobium and titanium-moLybdenum systems.
The values of this parameter are given in Table 5. The
results show positive interaction parameters and thus posi-
tive heats of mixing [ = Apx(l-x)] for the titanium-niobium
and titanium-vanadium systems and negative values for the
TABLE 5
Calculated Values of interaction parameters
of the Beta-Phase
Temperature x4, xp AFT -
K at./ at.f% Cal ol
RT1n P
-[ Cal/Mol
Titanium- 1123 0.5 2 27 - 33.9
Niobium 
+7000
1023 1.0- 12 127 -243
Titanium- 1123 0.75 3 27 - 52
Vanadium
+5000
1023 1 11.5 127 -229
Titanium- 1123 0.125 1.91 27 40.8
Molybdenum -6400
1023 0.25 7.51 127 -155
Alloy
System
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titanium-molybdenum system. Although the regular solution
approximation does not provide absolute values for the heats
of mixing, this approximation is sufficiently good for compari-
son of different systems to determine the relative values and
sign of the heats of mixing. The results indicate a tendency
for phase separation in the titanium-niobium and titanium-
vanadium systems. However, a tendency towards ordering is
indicated for titanium-molybdenum system.
(83) (84)Rostoker and Rudman also calculated the heats of
mixing of the titanium-molybdenum and titanium-niobium alloy
system using a bond-energy concept, and found negative values
for titanium-molybdenum and positive values for titanium-
niobium alloys. The x-ray diffuse-intensity measurements by
Rudman on titanium-niobium alloys and by Averbach and
Dupouy(85)on titanium-molybdenum alloys showed clustering
and ordering tendencies respectively, as expected from the
above calculations.
Recently, Kaufman and Bernstein 8 ,87) have calculated
the phase diagrams for a number of titanium alloys using the
regular solution approximation. Their calculations are almost
similar to those obtained here except that they calculate the
free energy changes between beta- and liquid-phases, thus ob-
taining their equations:
AFL + RT ln = X B - x2 L ..equation 7
P-+L XL 22F + RT l _ = (1-x#)B- (l-xL) L.equation 8(1- )2 
.. qatoA
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The interaction parameters for beta- and liquid-phases
are B and L respectively. Using the enthalpies of vaporiza-
tion, the volumes per gram atom and the group numbers of the
two components, they have obtained the values for the inter-
action parameter for beta-phase. Table 6 gives the values
of B. The calculated and experimental values of Tc, the
critical temperature, which is given by the equation 2RTc = B
is also exhibited in this Table. As shown in Table 6 the
zirconium-niobium and titanium-chrornium alloy systems have
the largest value of B, and both phase diagrams contain a
monotectoid reaction. It was noted by Kaufman and Bernstein(87)
that a large positive interaction parameter spreads the two-
phase region more drastically than the contraction due to a
negative interaction parameter. The phase boundaries in these
systems have been determined only up to 600 0C. Below this
temperature, it is very difficult to attain equilibrium.
There is also a possibility of a phase separation by spinodal
decomposition or the effect of compositional fluctuations on
possible precursory reactions in these systems. The phase
diagrams and the precipitation behavior in titanium-niobium,
titanium-vanadium and titanium-molybdenum alloys can be dis-
cussed on the basis of these remarks and experimental observa-
tion.
It is seen from the phase diagrams that titanium-niobium
has the largest two phase region while titanium-molybdenum the
least. The beta-phase is completely stable in titanium-molybdenum
Alloy Interaction Critical ;emperature Experim8ntal
System Parameter B Tc K Tc K
Cal/Mol
Ti-Nb +3125 781
Ti-V +2659 665
Ti-Mo +1241 310
Zr-Nb +6934 1733 1200
Ti-Cr +4506 1126 1625
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TABLE 6
Calculated Values of Interaction Parameter (B)
and Critical Temperature (T C) in various
Alloy Systems (86,87)
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beyond approximately 25 weight percent molybdenum. However,
titanium-vanadium and titanium-niobium alloys are unstable
at even larger alloy contents. This can be explained on the
basis that TC is lowest in titanium-molybdenum alloys and
highest in the case of titanium-niobium. That is, titanium-
niobium has the highest positive heat of mixing.
It should be noted that the present calculations show
a negative heat of miXing for titanium-molybdenum alloys whereas
Kaufman and Bernstein's(86) results indicate a small positive
heat of mixing. The experimental observation on the precipi-
tation phenomenon can be explained by both Kaufman's and the
present calculations. The ordering tendency in titanium-
molybdenum alloy has the effect of narrowing the (X+p ) region
to stabilize the beta-phase. Also the substantially smaller
Tc and heats of mixing values in titanium-molybdenum alloys
obtained by Kaufman cannot show an effect on the precipitation
phenomenon. However, experimental observation by Averbach and
Dupouy(85) show an ordering tendency in titanium-molybdenum
alloys and it is possible that Kaufman's calculated values may
be incorrect.
The results of thermodynamic calculations and the experi-
mental work on titanium-50 weight percent vanadium, titanium -
40 and 70 weight percent niobium indicate that the complete
phase diagram extended to lower temperatures for these alloy
systems should be of the types shown in Figure 39(a) and 39(b).
The phase diagram shown in Figure 39(a) is possible in systems
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Figure 39. Phase diagrams showing (a) monotectoid (b)
a metastable spinodal.
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showing large positive heats of mixing. From the calculated
values of heat of mixing for the titanium-vanadium system, it
appears that a monotectoid reaction, as shown in Figure 39(a),
is not possible. However, a phase diagram containing the meta-
stable miscibility gap, shown in Figure 39(b), is more reasonable.
The titanium-niobium system which has a higher positive heat
of mixing than titanium-vanadium, and very little difference
in atomic size between titanium and niobiui, is more likely to
contain a monotectoid reaction. Phase separation by spinodal
decomposition is also a greater possibility. Even if the
phase diagram is of the type shown in Figure 39(b), however,
the precipitation phenomenon can be explained by Figure 40
of a hypothetical free energy-composition diagram which assumes
a miscibility gap. A compositional fluctuation in an alloy
of composition 1, appreciably increases the driving force for
the beta to alpha reaction. This change in driving force
arising from a compositional fluctuation can cause the pre-
cipitation of the alpha-phase. The effect of ternary additions
to titanium-niobium alloys which would raise the Tc tempera-
ture should encourage spinodal decomposition in these alloys.
The present calculations of heats of mixing for the
titanium-molybdenum system indicate that the metastable-phase
diagram suggested by Blackburn and Williams(32) is incorrect.
Contrary to their suggestion that titanium - 20 weight
percent molybdenum would undergo phase separation, a titanium -
26 weight percent molybdenum alloy did not exhibit any tendency
for phase separation.
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B. Deformation
1. Dislocation and Twin Structure
The following conclusions can be made concerning
deformation of the beta-phase, titanium - 26 weight percent
molybdenum alloy:
(i) Edge-components of dislocations have greater mobility
than screw-components,
(ii) The dislocations remaining after deformations to
strains in excess of 10 percent are predominantly screw in
character,
(iii) Dislocations become more jogged and produce dipoles
and loops with increasing strain.
The observed difference in mobility between screw and
edge dislocations is similar to that reported for lithium
flouride by Gilman and Johnston 88 ) and in Silicon-Iron by
Low and Guard(4l). A jog in a screw dislocation will lower
the mobility because of the additional work which must be
expended either in creating point defects for very small jogs
or in creating trails of edge dislocations or dipoles for
large jogs. More recently, Hahn and Rosenfield (89 have
suggested that this difference in dislocation mobilities is
not associated with jogs, but results from the non-uniform
stresses developed in arrays of dislocation loops. Considering
one such array of concentric dislocation loops expanding under
stress, the edge segments will repel one another with a stronger
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force than screw segments because the stress field of an
edge dislocation exceeds that of a screw dislocation by a
factor of 1/ 1-0. Since the velocity of a dislocation de-
pends on the net stress acting upon it, the segments in edge
orientation will move more rapidly than those in screw orien-
tation. Consequently, loops become elongated in the direction
of their Burgers vector. The magnitude of the effect will
depend upon the stress-sensitivity of dislocation velocity.
They have given-a few calculated and measured values of the
ratios between edge and screw dislocation velocities in a
number of materials showing the validity of their argument.
The width of the image of edge dislocatins, observed by
diffraction contrast, are known(90) to be twice that of screw
dislocations. Close examination of Figure 18(a) shows that
edge components are spaced more widely within concentric
loops than are the screw components. Consideration has been
taken of the fact that the spacing of inclined loops are
foreshortened by their inclination, of approximately 30 de-
grees, to the surface of the foil. This observation supports
the feasibility of the suggestion by Hahn and Rosenfield (89.
Clearly, the edge components of loops appear to have travelled
farthest.
Deformation twins are commonly observed in pure body-
centered cubic metals after deformation at low temperatures,
at high strain rates or by the addition of solute. The
effect of alloying elements may be twofold. First, the
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stress for dislocation motion is increased by solid-solution
hardening. Second, the stacking-fault energy can be decreased
by alloying. No stacking faults or extended nodes are ob-
served in this alloy. Therefore, alloying does not substan-
tially decrease the stacking fault energy. McHargue and co-
(49)workers have suggested that stress-concentrations at
intersecting dislocation bands, observed in niobium-vanadium
and iron deformed at -1960 ,(9l) lead to twinning. In the
present work on titanium - 22 vanadium straight dislocations,
screw in character, were observed in conjunction with twinning,
whereas tangled dislocations and the absence of twinning are
found after aging to precipitate the omega-phase. The banded
substructure of predominantly screw dislocations was also
observed in titanium - 26 molybdenum which however, does not
twin. Therefore, the presence of banded substructureof screw
dislocations is not a necessary and sufficient condition for
twinning to occur in body-centered cubic metals and alloys.
Twinning is completely suppressed in titanium - 22 vana-
dium by the precipitation of a fine dispersion of the omega-
phase. The precipitates may inhibit twinning by providing
sites at which tangles can occur by inducing cross slip,
which tends to relieve stress concentrations. Richman(45)
to explain the inhibition of twinning by fine dispersion pre-
cipitates in iron-berylium alloys, assumed that twins form
by the passage of twinning dislocations on successive crystal
planes and that these dislocations have similar properties as
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the slip dislocations. He suggests that the fine dispersion
of second phase raises the stress required to move the twinning
dislocations. Further, the closely spaced precipitate barriers
are more effective inhibitors of twin propogation because of
their different structure. Twinning dislocation can not climb
over obstacles and it is doubtful that the precipitates can
be twinned along with parent lattice. Existing proposals do
not completely explain the influence of alloying and precipi-
tation on twinning behavior.
2. Stress-Induced Martensite
Kaufman(82) has calculated T , the temperature at
which the free energy difference between the beta- and alpha-
phases is zero, for a number of binary titanium systems. He
concluded that this temperature is only about 50 degrees or
less above the Ms temperature. The Md temperature is taken
(51) to be between the Ms temperature and T . Taking this
into consideration, stress-induced martensite can form in
binary-titanium alloys containing between 12-15 weight per-
cent molybdenum and 15-18 weight percent vanadium since in
these cases, the Ms and Md lie below and above room tempera-
ture, respectively.
The absence of hexagonal reflections in x-ray diffraction
patterns from stress-induced martensite in titanium-molybdenum
alloys reported by Gaunt and Christian(1) has led Blackburn
and Williams(32) to suggest that the structure is cubic with
twinning on intersecting t112}p planes. It is shown in the
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present study that stress-induced martensite formed in titanium
- 16 weight percent vanadium is hexagonal close-packed and not
cubic. To further confirm this, the growth of the omega-
phase was studied in this alloy after straining and aging.
It was shown that the growth of the omega-phase differed in
beta-phase and in hexagonal close-packed martensite because
of the respective differences in the driving force in each
structure. No differences in growth of the omega-phase in
the body-centered cubic matrix and twinned regions would be
expected. The study of titanium - 12.5 weight percent molyb-
denum is not conclusive because of the difficulty in preparing
thin foils for transmission electron microscopy. However,
from the similarity in the behavior of titanium-vanadium and
titanium-molybdenum system and the morphology of stress-
induced martensite in the two systems, it is concluded that
the stress-induced martensite has an hexagonal close-packed
and not a twinned body-centered cubic structure. Another
interesting observation was that twinning in higher vanadium
content alloys (22 weight percent vanadium) is completely
suppressed by the presence of a fine dispersion of the omega-
phase. On the contrary, the presence of the omega-phase in
quenched titanium - 16 weight percent vanadium did not inhibit
the formation of stress-induced martensite.
It is difficult to show in all the alloys studied whether
or not stress-induced martensite is the primary mode of defor-
mation because of the presence of the omega-phase. Omega-
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phase in these alloys, increases the rate of work hardening
and thus raises the yield strength. However, the lower yield
to ultimate tensile strength ratios observed in some alloys
indicate that it is primarily responsible for the observed
strain. Low values for such a ratio have been previously shown
by Jaffee and coworkers(52) to be associated with stress-induced
martensite formation.
3. Shock Deformation
The most obvious result of shock deformation is the
introduction of high densities of dislocation, twins and in
some cases, phase transformation. The terminal structures
developed by shock deformation will be discussed here while
the effect of this treatment on mechanical properties will
be treated in section C.2.
a. Unalloyed Titanium
The change in terminal structure with shock pressure
in alpha-titanium is of special interest. After deformation
at 70 Kilobar pressure, alpha-titanium is heavily twinned.
The dislocation structure between and within the twins can be
described as an arrangement between the well-defined cells
reported in face-centered cubic nickel (62) and copper(67, 68 )
and the predominance of screw dislocations in body-centered
cubic iron(70,71) and Fe 3Al(72). Phase transformation occurs
between 70 and 200 Kilobars pressure with resultant formation
of martensite. Bridgeman(92) and Young and coworkers(93) have
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investigated the possibility of phase transitions in titanium
under high pressures, but their measurements of changes in
volume and resistance under hydrostatic pressure conditions
were not conclusive. High hydrostatic pressure experiments
have led to the development of the temperature-pressure phase
diagram for titanium 94, Figure 41. The slope of the beta-
alpha phase boundary decreases with increasing pressure to
the triple point between alpha-, beta- and omega-phases. Once
formed in unalloyed titanium under pressure, the omega-phase
persists at atmospheric pressure but reverts to the alpha-
phase when annealed at 20000. No omega-phase was observed in
titanium shock deformed at 70 or 200 Kilobars pressure. Extra-
polation of the beta-alpha phase boundary to 00C shows that
transformation of titanium to the beta-phase can occur below
200 Kilobars pressure. The morphology and the internal struc-
ture of titanium subjected to this high pressure excludes the
possibility of a face-centered cubic phase at high pressure.
The transformation of a face-centered cubic phase to hexagonal
close-packed martensite is expected to produce a morphology and
internal structure similar to that found in transformed cobalt.
Therefore, transformation to the beta-phase and subsequent
transformation to martensite (06) must have occured during
shock deformation at 200 Kilobar pressure.
b. Titanium - 9 weight percent Molybdenum
The martensitic titanium - 9 weight percent molyb-
denum alloy exhibits little appareht microstructural change
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Figure 41.
(Ref. 94)
Pressure-Temperature Phase diagram for Titanium.
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when examined optically. Comparison of electron micrographs
of the quenched structure before and after deformation shows
that high densities of dislocation and twins are introduced
by shock deformation. The banding of martensite crystals
observed only after the highest dynamic pressure implies that
martensitic crystals transform to the beta-phase which sub-
sequently retransforms during decompression to specifically
related crystals.
c. Titanium - 12.5 weight percent Molybdenum
The microstructure of titanium - 12.5 weight per-
cent molybdenum after shock deformation is typical of stress-
induced martensite reported in this alloy.. The volume fraction
of stress-induced martensite is noticeably lower after defor-
mation at the highest pressure. A lower volume fraction of
martensite obtained at 200 Kilobar can be explained by a
decreasein the driving force for transformation resulting
from adiabatic heating at this pressure. The computed tempera-
ture rise in the shock front at 200 Kilobars is of the order
of several hundred degrees centigrade,
d. Titanium - 26 weight percent Molybdenum
Low densities of twins are observed in this alloy
after shock deformation at both pressures. The dislocation
arrangement within deformed grains is characterized by a high
density of short segments of screw dislocations as found in
iron(70'71) and Fe3Al(72)
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The predominance of screw dislocations can be rationalized
by a higher mobility of edge components. Further, short dis-
location segments are expected under dynamic conditions since
the shock wave velocity exceeds that of shear wave velocity.
Thus, a high mobile density of dislocations which move short
distances is required to accomodate the imposed plastic strain.
According to Holtzman and Cowan(66), the total transient
strain, ET, produced in shock deformation by compression and
rarefaction waves is given by the expression:
T = 4/3 ln V/V ..equation 9
Where V is the initial volume and V is the dompressed volume.0
From the values of V/Vo versus P obtained from the Hugoniot
curve for titanium (58), the transient strains at 70 and 200
Kilobars are approximately 0.09 and 0.25 respectively. The
strain rate (E) is related to the mobile dislocation density
(?) by the relationship:
= bPv ..equation 10
Where v is the dislocation velocity and b the Burgers vector.
At 70 Kilobars pressure, the total transient strain is about
0.09, the rise time about 10~ seconds and the strain rate
is about 10 per second. Letting the Burgers vector be
3 x 10~8 cms. and assuming that dislocation velocities can
not exceed the shear wave velocity (105cm /sec), the required
mobile dislocation density is 3 x 10 10 per square centimeter.
The dislocation density in the shock deformed specimen is
high and of the order of 10 11. Thus Hornbogen's(70)
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assumption that edge components of dislocation loops move with
the shock wave front with no necessity to generate high
densities of dislocation is not valid.
C. Tensile Properties
1. Effect of the Omega-Phase
From the present tensile data (Table 3) and that of
Troiano's (Figure 3a and 3b), it is apparent that the
presence of the omega-phase after quenching does not appreci-
ably affect the ductility of an alloy but increases its yield
and tensile strengths. However, the strength markedly in-
creases with a drastic reduction in ductility, 'to embrittle
the alloy, after low temperature aging. According to
Silcock(28) and Troiano and coworkers , embrittlement may
not arise from the inherently brittle nature of the omega-
phase but from the obstruction of slip to raise the stress
for yielding to above that for fracture.
The following observations are made of the tensile
properties and the microstructural changes produced on
quenching and aging in alloys containing the omega-phase.
(i) Omega-phase seems to be coherent with the matrix
in the quenched or initial state, but looses this coherency
during aging.
(ii) The large elongation observed in some alloys after
quenching, results from the formation of stress-induced
martensite, whose formation is not inhibited by the presence
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of omega-phase particles in quenched alloys.
(iii) The increase in ductility and decrease in strength
on overaging is due to precipitation of the equilibrium alpha-
phase.
(iv) The dispersion of alpha-phase particles is influenced
by the presence of omega-phase particles.
(v) High strengths and reasonable ductility are found
where a fine dispersion of alpha-phase particles are developed
in a beta-phase alloy which initially contained omega-phase.
The tensile properties of titanium - 22 weight percent
vanadium, quenched and aged to form omega-phase, show that
the presence of a large volume fraction of incoherent omega-
phase particles produces embrittlement. Further, no measur-
able yielding is observed before fracture. Thus, the presence
of omega-phase particles increases the yield stress in- this
alloy to above the fracture stress, to cause fracture.
2. Effect of Shock Deformation
Unalloyed titanium showed the greatest percentage
increase in strength after shock deformation at 200 Kilobars
pressure, whereas titanium - 26 weight percent molybdenum
showed the least. Further, the maximum ultimate tensile
strength was attained in the case of titanium - 12.5 weight
percent molybdenum (metastable beta-phase) shock deformed
at 70 Kilobars.
The increase in strength found in unalloyed titanium is
connected with the phase transformation which occurs between
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70 and 200 Kilobars pressure. The variation of the ultimate
tensile strength with applied pressure exhibits the discon-
tinuous rise found in iron(56) above the pressure at which
phase transformation occurs. This was also confirmed by
Knoop hardness values of 115, 175 and 400 for annealed, 70
Kilobar and 200 Kilobar pressure specimens, respectively.
The pressure above which the phase transformation occurs
could be determined using small increments in dynamic pressure
between 70 and 200 Kilobars. The discontinuity in strength
caused by phase transformation would be more pronounced if
the effects of annealing resulting from the temperature rise
during the shock test were prevented. The mechanical proper-
ties of titanium - 9 weight percent molybdenum are little
affected by shock deformation. The small increase is possibly
due to the defects introduced during shock deformation.
The maximum yield and ultimate strengths obtained for
titanium - 12.5 weight percent molybdenum at 70 Kilobar
pressure is associated with the formation of stress-induced
martensite during deformation. The lower volume fraction of
stress-induced martensite observed after deformation at 200
Kilobars pressure is reflected in lower strength values and
large elongation. There is very little change in the tensile
properties of titanium - 26 weight percent molybdenum by
shock deformation. The lower values of yield and tensile
strength at the higher pressure could be caused by adiabatic
heating.
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The results on unalloyed titanium after 200 Kilobars
pressure and titanium - 12.5 weight percent molybdenum after
70 Kilobar pressure show that simultaneous transformation
and deformation during shock deformation results in the
maximum increase in strength.
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VII. SUMMARY AND CONCLUSIONS
(1) Two types of martensite classified according to
their habit planes, have been noted in titanium-molybdenum
alloys. The accicular t334p type martensite contains
essentially no internal structure, whereas the banded 344
type contains an array of dislocations and stacking faults.
(2) The internal structures developed due to transfor-
mations in the bulk material and during thinning have been
differentiated. The face-centered cubic martensite found by
some authors in titanium-alloys is produced during thinning
of the foil, and is probably associated with hydrogen con-
tamination.
(3) The structure of the omega-phase can be represented
by a hexagonal unit cell (3 atoms per unit cell) with c/a =
0.613, and .having the orientation relationship with beta-
phase: (111) // (0001)6, and [110] // (1120].
(4) Omega-phase develops a cuboidal morphology on pro-
longed aging at low temperature. The maximum particle size
developed is about 1500 A0.
(5) The formation of metastable omega-phase is shown to
be a nucleation and growth process, at least in alloys con-
taining more than 20 weight percent vanadium.
(6) It was shown that the omega-phase is not a transi-
tion phase and that the equilibrium alpha-phase forms at the
P- CO interface, ty a separate nucleation and growth process
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rather than by direct conversion from the omega-phase. The
ellipsoidal alpha-phase particles grow to consume the omega-
phase.
(7) Thermodynamic calculations showed positive heats
of mixing for titanium-niobium and titanium-vanadium systems
and negative values for the titanium-molybdenum system. A
tendency for phase-separation is indicated for the two former
systems while an ordering tendency is suggested for the latter.
Experimental results indicate phase separation by spinodal
decomposition is possible in titanium-niobium alloys.
(8) The stability of the beta-phase and the precipi-
tation behavior in titanium-vanadium, titanium-niobium and
titanium-molybdenum was rationalized on the basis of the heats
of mixing in these systems. It was shown that the beta-
phase is most stable in the titanium-molybdenum system while
it is least stable in titanium-niobium.
(9) Tt was shown that the dislocation substructure
developed in the body-centered cubic beta-phase, (titanium -
26 weight percent molybdenum) consists of predominantly screw
dislocations, resulting from the higher mobility of the edge
segments of dislocation loops.
(10) Alloying additions of vanadium to titanium (approxi-
mately between 20-30 weight percent) induces twinning in the
body-centered cubic solid solution. However a fine dispersion
of omega-phase particles inhibits twinning completely.
(11) Application of stress in titanium - 12.5 weight
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percent molybdenum and titanium - 16 weight percent vana-
dium alloys produces stress-induced martensite. It was
shown conclusively that the structure of stress-induced
martensite in titanium - 16 weight percent vanadium is hexa-
gonal close-packed and is not twinned body-centered cubic.
(12) The following conclusions were made from the study
of shock deformation on the structure and tensile properties
of titanium and titanium-molybdenum alloys:
(i) Unalloyed titanium and titanium - 9 weight percent
molybdenum undergo phase transformation when shock.deformed
at 200 Kilobar pressure. The phase transformation in the
case of unalloyed titanium from o(b,8+ of produces a discon-
tinuous increase in tensile strengths with increasing pressure.
(ii) Unalloyed titanium (hexagonal close-packed) exhibits
the greatest percentage increase in strength while the stable
beta-phase titanium - 26 weight percent (body-centered cubic)
shows the least.
(iii) The highest ultimate tensile strength is attained
with metastable titanium - 12.5 weight percent molybdenum
shock deformed at 70 Kilobarspressure. The lower yield and
ultimate tensile strength values attained after shock defor-
mation at 200 Kilobarspressure are attributed to the lower
volume fraction of martensite produced due to adiabatic
heating at this pressure.
(iv) The lower than expected yield and tensile strengths
found at 200 Kilobarspressure are attributed to adiabatic
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heating during shock deformation.
(v) The strength obtained in unalloyed titanium and
titanium - 12.5 weight percent molybdenum indicate that the
simultaneous occurence of phase transformation and deformation
during shock deformation produces maximum increase in strength.
(13) The embrittlement caused by the omega-phase on
aging is thought to be due to the presence of a large volume
fraction of incoherent omega-phase particles.
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VIII. Suggestions for Future Work
(1) More work is needed to study the internal structure
and habit planes of martensite in titanium alloys. The habit
plane should be determined accurately with the help of Kikuchi
patterns.
(2) Phase separation by spinodal decomposition should
be studied in greater detail in the titanium-niobium system.
Also, the influence of ternary additions which raise the criti-
cal temperature, Tc, should be included in this study.
(3) With the help of single crystals of titanium - 26
weight percent molybdenum (body-centered cubic), the orien-
tation dependence of slip systems and the dislocation arrange-
ments developed should be studied in detail.
(4) The dislocation arrangement of twinned titanium -
22 weight percent vanadium should be studied in greater de-
tail, to determine what role twinning dislocations play in
the formation of twins in the body-centered cubic lattice.
(5) The internal structure of stress-induced martensite
in titanium-molybdenum alloys should be studied in titanium -
14 weight percent molybdenum which does not spontaneously
transform on thinning.
(6) The effect of small increments of shock pressure
between 70 and 200 Kilobars on unalloyed titanium should be
investigated in order to determine the pressure at which the
phase transformation in unalloyed titanium takes place.
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(7) The effect of shock deformation on the structure
and mechanical properties of titanium-alhminum alloys (hexa-
gonal close-packed) with short-range order and long range
order should be investigated.
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APPENDIX A
Material Preparation
An electrolyti.c grade of titanium known as ELXX-BL #3 was
obtained from the Titanium Metals Corporation of America for
use as the base metal. The molybdenum used was 99.9 percent
pure having low interstitial (180 ppm carbon) and metallic
impurity contents.
To insure homogeneity in the alloys, a double consumable-
electrode arc-melting technique was used where the electrode
was comprised of welded titanium and molybdenum rods. The
melted and fabricated ingots were ground and pickled prior to
remelting into button ingots. After removal of the outer
surface by machining, finger ingots of titanium - 12.5 weight
percent molybdenum and titanium - 26 weight percent molybdenum
were swaged to rods without intermediate forging or rolling
steps. The titanium - 26 weight percent molybdenum were swaged
at approximately 10909C and the titanium - 12.5 weight percent
molybdenum alloys at 925 0 C, respectively. Partial annealing
between passes was accompolished by reheating at 10900C for
short times. The final pass was through a 0.279 - inch diameter
die. The rods were straightened by redrawing through the same
die at room temperature.
Following the swaging operations, the rods were further
straightened using a three-point load bending technique. The
titanium - 12.5 weight percent molybdenum alloy was annealed
for 20 minutes at 870 0 and water quenched to completely
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retain the beta-phase. After straightening, the rods were
vapor blasted, inspected for defects, spot ground, and cut
to shorter lengths for centerless grinding to 0.25 inch in
diameter.
The unalloyed titanium ingot of electrolytic grade ELXX-
BL #3 was melted in a 4 inch diameter crucible, and machined
to remove surface defects resulting from the melting opera-
tion. This ingot was forged to a 1.5-inch diameter billet
starting at 87000 and finishing at 785 0C. After the forging
operation, the billets were machined and spot ground to remove
surface imperfections. The forged and conditioned billets
were rolled to rod form from the 1.5-inch forged diameter
to about 0.36-inch in diameter. The unalloyed rod was rolled
starting at 785 0C. To permit ease in handling, the rods were
cut into several short lengths during the rolling operation.
After rolling, the rods were ground and reduced to about 0.3-
inch in diameter by hot swaging at approximately 7850C. A
room temperature pass through a die was given to straighten
each rod. The fabricated rods were finally centerless ground
to 0.25-inch in diameter.
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APPENDIX B
Indexing of Selected Area Diffraction Patterns
The indexing of selected-area diffraction patterns was
done using procedures described by Thomas(95) and Hirsch
and coworkers(90). The ratios of the various reciprocal
lattice vectors were calculated using lattice parameters of
various alloys and the camera constant. With the help of
these values and the known angles between various planes,
the diffraction patterns were indexed. Reference to sections
of reciprocal space normal to prominent zones given in
references (90) and (96) was helpful in indexing patterns.
Several papers(97t989'9 have been published recently
which clarify notations regarding different co-ordinate
systems used in hexagonal crystal structures. Stringer and
coworkers(1o) have proposed a double steregraphic tech-
nique for the analysis of electron diffraction patterns.
Two stereograms, one for the poles of planes and one for
the crystallographic directions are used in this technique.
In order to orient the plane and direction projections rela-
tive to one another, a standard basal projection with the
direction and plane indices coincident at the center and
the circumference is used. Using this approach and the
equations relating Crystallographicplanes and directions,
two sets of stereograms, one for c/a = 1.587 and andther
for c/a = 0.613, representing poles of the planes and
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directions in the alpha and omega-phase respectively, were
drawn. These are shown in Figures B-1 through B-4. These
stereograms are necessary for correct interpretation of
electron micrographs.
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APPENDIX C
Shock Deformation Procedure
Shock deformation was performed using a plane-wave
generating technique similar to one described in a paper by
Holtzman and Cowan (66). The loading assembly, (Figure 0-1)
consists of (i) a plane-wave generator, (ii) an explosive
charge (iii) a 5-inch square copper driver plate, which
measures 0.308-inches and 0.120 inches in thickness for 70
and 200 Kilobars respectively, and (iv) Spall plate assembly
consisting of 5-inch square titanium cover plates which are
0.125-inch in thickness and 5 x 1 inch titanium inserts of
the same thickness as the specimens. The specimen dimensions
were 4 x 0.25 x 0.05 - inch.
The shock wave was established by the collision of the
copper driver plate with the cover plate. The loading
pressure was controlled by varying the thickness of the
driver plate and the composition and thickness of the sheet
explosive. To prevent spalling, commercial purity titaniun
cover plates n inserts, having nearly the same shock impedance
as the test pieces were used for absorbing the reflected waves.
After detonation, the samples were propelled into a cardhoard1
tank filled with water for decelleration and qitenching.
Heating effects caused by the adiabatic compression of the
specimen were minimized by this quenching procedure. The
specimens were essentially flat when removed from the tank
152
LINE-WAVE INITIATOR
SHEET EXPLOSIVE
-OFF
. PLATES
RECOVERED IN WATER
Assembly for Shock Loading.
I
Figure C-1. *
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and exhibited virtually no change in dimensions after shock
deformation.
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APPENDIX D
Atom Per Cent Vanadium
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Figure D-1. Titanium-Vanadium Phase Diagram. (Ref. 4)
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Atom Per Cent Molybdenum
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